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RESUME 
Cette these porte sur I'etude du fluage et de la vitesse de fissuration lors du fluage 
de I'Udimet 520, un superalliage a base de nickel, en fonction des variables 
microstructurales. La principale etape experimentale de cette recherche fut de 
caracteiser et de quantifier l'influence de la taille de grains sur le comportement en 
fluage et sur la propagation d'une fissure sur du materiac trait6 pour avoir une absence de 
precipites aux joints de grains. La premiere partie de 1'Ctude experhentale avait pour but 
d'ktablir les cinetiques pour la croissance des grains. pour la precipitation de y' dam la 
matrice et pour la precipitation de carbures aux joints de grains pour I'Udimet 520. Les 
risultats apportent les bases necessaires a la modelisation microstructurale de la 
propagation d'une fissure en fluage. 
Les vitesses de fissuration iors du fluage ont ete etuddiees en fonction de la 
taille des grains B une temperature legerement iderieure a celle employee iors du 
vieillissement afin d'hiter la precipitation de carbures intergranulaires pendant les essais. 
Nous avons mis l'emphase a isoler l'effet de la taille des grains sur le fluage et sur la 
fissuration par fluage, en l'absence de precipites aux joints de grains dans un 
environnement d'air, avec quelques essais efiectues dam l'argon. La technique de la 
chute du potentiel electrique a et6 employ& pour mesurer la propagation des fissures en 
fonction de K, le facteur d'intensite de contrainte, a la temperature de 540°C. La vitesse 
de propagation de la fissure en fluage ne dkpendait pas de la taille des grains* pour une 
tempkture de recuit au d e w s  ou en dessous de la tempdrature de mise en solution du 
carbure MC. Cependant la vitesse de fissuration dam les Qhantillons recuits au dessus de 
la temperature de mise en solution du carbure MC Qait environ 2,s fois plus Qwk que 
pour ceux recuits au dessous de la temperature de rnise en solution du carbure MC. 
Un modele de la propagation d'une fissure en fluage a ete developpe en 
tenant wmpte de I'iduence de l'enwonnement et des m ~ s m e s  de fissuration indiques 
par les observations fiactographiques. Ce modele prevoit que la propagation des fissures 
controllb par le glissement de joints de grains est inddpendante de la taille des grains (d) 
dans une structure planaire des joints de grains ne contenant pas de prkipites 
intergranulaires; mais que la vitesse de fissuration lors du fluage est inversement 
proportionneile a la taille des grains dam les 6chantillons contenant une distribution 
discontinue de precipites intergranulaires et incessamment proportionelle au carre de la 
taille de grain dam les Chantillons contenant une phase continue de prkipith 
intergranulaires. Ce modele prevoit aussi que le glissement des joints de grains varie avec 
K*, ou K est le hcteur d'intensite de la contrainte. L'importance de ce modele est qu'il 
indique que le glissement des joints de grains est le facteur qui wntrole le mhnisrne de la 
rupture lors de la fissuration en fluage dam ce rnateriau. 
Nous discutons brikvement de I'influence de la taille des grains sur les 
discontinuites sur la courbe de traction a 540°C, qui sont semblables aux dicrochements 
obtenus lors du vieillissement dynarnique apres Ccrouissage. Le comportement en fluage 
obtenu a 540°C est aussi decrit- 
ABSTRACT 
This thesis presents a study of the creep deformation and creep crack growth 
behaviors of a nickel-base superalloy, Udimet 520, as a function of microstructural 
variables. The focus was on the characterization and quantification of the influence of 
grain size on the creep and creep crack growth rate (CCGR) behavior in the absence of a 
grain boundary phase. A microstructural investigation on the forged Ni-base superalloy, 
Udimet 520 was first performed. This experimental study was used to establish the 
kinetics of grain growth, y' precipitation and precipitation of carbides at grain boundaries 
for Udimet 520. The results provided the basis for obtaining the microstructure for the 
creep and creep crack growth testing program. 
The creep crack growth rates were studied as a h c t i o n  of grain size at a 
temperature lower than that employed in aging in order to prevent the formation of grain 
boundary carbides during the test. Emphasis was placed on isolating the grain size effect 
on creep and creep crack growth rates from the effects of grain boundary precipitates and 
environment. A direct current potential drop technique was employed in order to 
measure the rate of crack propagation as a h c t i o n  of K, the stress intensity factor at a 
temperature of 540°C. The CCGRs were insensitive to the change in grain sizes in 
specimens solution treated either above or below the MC carbide solvus temperature 
(1 190°C). However, the CCGRs in specimens solution treated above the MC carbide 
solvus temperature were about 2.5 time higher than those treated below the MC carbide 
solvus temperature. Fractographic observations on the hcture  surfaces and 
metallographic examinations on the cross-sections of the intempted CCG specimens 
revealed formation of intergranular microcracks and an intergranular mode of fracture. 
The influence of the air environment was also studied by comparing the creep crack 
growth rates in air with those obtained in a high purity argon environment. 
A mechanistic model describing the creep crack growth behavior was developed 
taking into account the influence of the environment and the cracking mechanisms 
indicated by fractographic and metallographic observations. This model predicts that the 
GBS-controlled CCGR is independent of grain size (d) in planar grain boundary 
structures containing no grain boundary precipitates; but CCGR is inversely proportional 
to the grain size in the presence of discrete grain boundary precipitates and inversely 
proportional to the square of the grain size in materials containing continuous grain 
boundary precipitate distribution. This model also predicts that the GBS-controlled 
CCGR has a dependence on stress intensity factor (K) to the power of 2. The 
significance of this model is that it indicates that GBS is the controlling fracture 
mechanism in CCG behavior. 
The influence of grain size on tensile serration behavior in tensile tests at 540°C 
was briefly discussed and the creep tests at 540°C were documented. 
CONDENSE EN FRANCAIS 
Cette these porte sur l'etude du fluage et de la vitesse de fissuration lors du fluage de 
1'Udimet 520, un superalliage a base de nickel, en fonction des variables microstructurales. 
La principale &ape exptirimentale de cette recherche fut de caracteriser et de quantifier 
l'influence de la taille de grains sur le comportement en fluage et sur la propagation dune 
fissure dam du materiau traite pour avoir une absence de precipites aux joints de grains. 
La premike partie de l'itude experimentale avait pour but cl'6tablir les cinetiques 
pour la croissance des grains, pour la pricipitation de la phase durcissante y' dam la matrice 
et pour la pkcipitation de carbures aux joints de grains pour I'Udimet 520. Le but de ceci 
etait d'identifier les conditions pennettant d'obtenir une precipitation d'un montant 
important de y' a I'interieur des grains, mais sans precipitation de carbures aux joints de 
grains. Des courbes en forme de C pour la prkipitation des carbures M,C, aux joints de 
grains ont W obtenues. Pour chaque temp5rature de vieillissement, le logarithme du temps 
de vieillissement pour la prkipitation des carbures a ete determink et compare au temps de 
vieillissement pour la prkipitation de y', en employant des observations par microscopic 
tlectronique a transmission et des mesures de microdurete. Ceci a montre que pour obtenir 
une precipitation importante de y' en absence de carbures aux joints de grains, il fallait 
employer des tempbtures de vieillissement relativement basses, ce qui impliquait des 
longs temps de vieillissement. Nous avons obtenu une phipitation convenable de y' en 
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absence de carbures intergranulaires en employant un vieillissement de 20 minutes a 700°C 
suivi d'un deuxieme vieillissement de 92 heures a 600°C. 
Les rc5sultats de l'etude microstructurale indiquaient que peu de carbures M,C, 
(identifies au MET par son patron de diffraction) precipitait lors d'un vieillissement a 
900°C, mais que la croissance de ces carbures etait rapide a cette temperature. Suite a un 
long vieillissement, leur croissance produisait une couche de carbure continue aux joints de 
grains. Lors d'un vieillissement P 850°C, plus de carbures precipitaient mais leur croissance 
etait plus lente. Des carbures en forme de plumes ont ete observes a plusieun endroits, avec 
cette forme indiquant que ces carbures etaient formes par un effet simultane de 
precipitations de carbures intergranulaires et de croissance des grains. 
Les carbures intergranulaires M,,C, disparaissaient a une temperature de 1 1 OO°C. 
Cependant suite a une mise en solution a 1250°C, des carbures de type MC precipitaient sur 
les joints de grains lon de vieillissement a des temperatures entre 1 100 et 1 177OC, mais une 
telle precipitation ne se produisait pas a 1 1 90°C. 
Le graphique pour la taille des grains en fonction de la temperature de mise en 
solution presentait dew regions de forte augmentation, la premiere qui se trouve vers 
1 190EC s'explique par la mise en solution des carbures secondaires de composition MC et 
la deuxieme qui se trouve vers 1240° s'explique par la mise en solution de carbonitrures. Le 
graphique pour la microdurete en fonction de la temphture de mise en solution avait une 
forme semblable, indiquant un dwissement apprkiable associe au carbone et a I'azote mis 
en solution. 
Nous avons mis Itemphase a isoler I'efTet de la taille des grains sur le fluage et sur 
la fissmtion par fluage, en l'absence de precipites aux joints de grains dans un 
environnement &air, avec quelques essais effectues d m  l'argon. Ces essais ont ete 
effectues a une temperature de 540°C, qui est de 60°C plus faible que la plus faible des 
deux temperatures de vieillissement employees pour la precipitation de la phase y' lors 
des traitements thenniques. Cette temperature de 540°C a permis d'eviter la precipitation 
de carbures intergranulaires pendant les essais. 
Nous avons effectue des essais de vitesse de fissuration en fluage en employant des 
eprouvettes CT ayant une largeur de 26 mm et une epaisseur de 13 mm sur m e  machine de 
fluage a charge constante. Tous les essais sauf un ont et6 effectues a m e  charge constante 
de 23.1 kN, donnant un facteur initial d'intensite de contrainte d'approximativement 71 
MPa(m)lR. La chute du potentiel Bectrique en courant direct a ete employee pour mesurer la 
longueur de fissure loa des essais et pour obtenir les vitesses de fissuration en fonction du 
facteur d'intensite de contrainte. 
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La vitesse de propagation de la fissure en fluage ne dependait pas de la taille des 
grains, pour me temperature de recuit au dessus ou en dessous de la temperature de mise en 
solution du carbure MC, avec la taille des grains au dessus de cette temperature allant de 
235 a 464 pm. Cependant la vitesse de fissuration dam les echantillons recuits au dessus de 
!a temperature de rnise en solution du carbure MC etait environ 2,s fois plus elevee que 
pour ceux recuits au dessous de cette temperature. Dew essais de fissuration effectues clans 
Itargon ont indique qu'a faible K la vitesse etait semblable (possiblement iegerement plus 
faible) que celle a Fair mais, a K eleve, la vitesse etait nettement plus faible que celle a I1air. 
Les observations hctographiques ont indique que la fissuration lors du fluage se produisait 
principalement de faqon intergranulaire et que le glissement des joints de grains contribuait 
a cette fissuration. Nous proposons que les differences de vitesse de fissuration dam ces 
eprouvettes en fonction de la temperature de mise en solution sont, au moins en partie, le 
resultat de plus de ramification des fissures dam les eprouvettes ayant une taille de grains 
fine obtenue lors de la rnise en solution en bas de 1 190°C. 
Un modele de la propagation d'une fissure en fluage a ete developpe en tenant 
compte de I1influence de I'environnement et des mecanismes de fissuration indiques par les 
observations hctographiques. Ce modele est base sur la fissuration se produisant 
principalement par I1effet de glissement des joints de grains. 11 prevoit que la propagation 
des fissures contrdkes par le glissement de joints de grains est independante de la taille des 
grains (d) dans une structure planaire des joints de grains ne contenant pas de precipites 
intergranulaires, mais que la vitesse de fissuration lors du fluage est inversement 
proportionnelle B la taille des grains dans du materiau contenant une distribution 
discontinue de pkcipites intergranulaires et inversement proportionnelle au c& de la taille 
de grain dam du matkriau contenant m e  distribution continue de pkcipitks intergranulaires. 
Ce modele pkvoit aussi que le glissement des joints de grains varie avec K', oh K est Ie 
facteur bintensitk de la contrainte. L'importance de ce modde est qu'il indique que le 
glissement des joints de grains est le facteur qui contr6le le mecanisme de la rupture Ion de 
la fissuration en fluage dans ce mattkiau. 
Les r6suItats que nous avons obtenus sur les vitesses de fissuration en absence de 
precipites intergranulaires M,C, concordent avec ce modele pour les recuits de rnises en 
solution effectues en haut de 1190°C. La fissuration plus lente pour les recuits effectues en 
bas de cette tempkature s'explique par la ramification des fissures plus importantes d m  le 
mat&iau a grains fins et par l'effet d'un montant de fissuration transgranulaire plus 
important lorsque les grains sont grossiers, qui sont des effets qui ne sont pas consider& 
dans ce modele. Les diffkrences entre les courbes de vitesses de fissuration obtenues dam 
l'air par rapport B celles obtenues dans I'argon s'expliquent en considerant l'effet de 
I'oxydation dam le modele propose. 
Des discontinuit& ont ete observties sur la courbe de traction a 540°C, qui sont 
semblables aux d6crochements obtenus lon du vieillissement dynamique apres ecrouissage. 
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Le comportement en fluage obtenu a 540°C est aussi dicrit Les deformations par 
fluage a cette tem-ture etaient faibles, mais me fissuration intergranulaire se produisait a 
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1. INTRODUCTION 
1.1 Background 
Superalloy microstructures have traditionally been designed to optimize high 
temperature tensile strength, creep resistance, and more recently low cycle fatigue (LCF) 
or thermal mechanical fatigue (TMF) properties. Damage tolerance or tolerance to flaw 
is also assuming an increasing importance in new superalloys design specifications [I], as 
well for engine maintenance [2] for rotating components. To satisfy these new damage 
tolerance requirements, crack growth properties under creep, fatigue or combined loading 
conditions must be controlled. Thus, designing microstructures for the critical rotating 
components in order to meet both the crack growth rate resistance and the traditional LCF 
crack initiation life requirements is a challenging task. 
Numerous researchers have studied the effect of microstructural features on creep 
crack growth rates (CCGRs) and fatigue crack growth rates (FCGRs) of superalloys in 
the past 20 years. It has been shown that grain size, grain boundary carbides and grain 
boundary morphology are the controlling microstructural features for creep and crack 
growth resistances in Ni-base superalloys strengthened by gamma prime precipitates. 
Since grain boundaries are often the weak links of the material at high temperatures, and 
especially in aggressive enviionments, the grain boundary related microstructural features 
ofien govern the critical properties of precipitation-strengthened superalloys. However, 
the effect of grain size in the absence of grain boundary carbides in complex superalloys, 
and the influence of grain boundary carbides at constant grain size on creep crack growth, 
have not been systematically explored either experimentally or analyically. To isolate the 
effect of grain size on the minimum creep rate or on the CCGR is experimentally 
difficult. This is because these microstructural features in superalloys are interrelated and, 
upon changing the grain size through material processing, the grain boundary precipitate 
size and spacing also change simultaneously. The same aging treatments usually produces 
different grain boundary precipitate distributions (size (r) and spacing (h)) in different 
grain size specimens. The grain size effect is fiuther overshadowed or hidden by 
environmental effects, especially at high temperatures. 
1.2 Project Objectives 
The primary objective of this study was to characterize and quantify the influence 
of grain size on the creep crack growth rate and the creep behavior of a Ni-base 
superalloy, Udimet 520, in the absence of a grain boundary phase. Since the commercial 
alloy Udimet 520 contains MUC6 carbides at the grain boundaries and intragranuiar y' 
precipitates, the kinetics of intragnnular y' nucleation and growth and the formation of 
grain boundary carbides, was also studied in order to obtain similar precipitate hardening 
in different grain size materials as in the commercial alloy but without forming any grain 
boundary precipitates. The objective was to select heat treatment conditions for varying 
the grain size without precipitating grain boundary carbides. 
The creep crack growth rates and the creep behavior were shldied as a b c t i o n  of 
grain size at a temperature somewhat lower than that employed in aging in order to 
prevent the formation of grain boundary carbides during the test. The influence of the air 
environment was also studied by comparing the creep crack growth rates with those 
obtained in a high purity argon environment. One of the objectives of the experiments 
was to implement a direct current potential drop technique using dead weight creep 
machine to measure the crack propagation as a function of K, the stress intensity factor. 
From a theoretical perspective, an important objective of the project was to 
develop constitutive model(s) for describing the creep crack growth behavior in complex 
engineering alloys taking into account the influence of the environment and the cracking 
mechanisms observed £kctographically and metallographically. 
A review of superalloy creep deformation and creep crack growth in Ni-base 
superalloys as well as the importance of grain size and grain boundary precipitates on 
creep and creep crack growth in Ni-base superalloys is presented in Section 2 in this 
thesis. Sections 3 and 4 present the experimental methods and results of the 
microstructural investigation respectively, the latter combined with a brief discussion. 
The effects of grain size and environment on creep crack growth behavior as well as on 
creep are discussed in Section 4. The discussion and the mechanistic CCGR model are 
presented in Section 5. Finally, the general conclusions are stated in Section 6. 
2. LITERATURE REVIEW 
The first part of the review presents some important aspects of creep deformation in 
Ni-base superalloys. Grain boundary sliding (GBS) is shown to be a key deformation 
mechanism operative drning superalloy creep and the supporting metallurgical evidence for 
this phenomenon is also reviewed. The effect of grain size and the presence of carbides, 
'be primary as well as secondary carbides at the grain boundaries on creep is also 
considered in some detail. Intergranular creep fracture is discussed. 
The second part of the review concentrates on mechanical and metallurgical aspects, 
ncluding testing aspects of creep crack growth in complex engineering alloys including Ni- 
base superalloys. The hcture mechanics parameters used to correlate the creep crack 
growth rates are discussed. The influence of microstructures and test conditions on the 
creep crack growth behavior is reviewed. Modeling work on the creep crack growth process 
is reviewed and classified. 
2.1 Creep Deformation and Damage Aecumaletion in Superalloys 
2.1.1 Statement of the poiycrystal Creep deformation 
Creep is the response of a material subjected to a stress (constant or slowly 
changing) and at T > 0.3 TM. Thus, microstructure (including dislocation structures) might 
first change to produce viscous flow. Of course, creep can fkequently accelerate the change 
of microstructure, although it is the microstructure that changes first- Creep is usually 
regarded as the time-dependent mode of anelastic deformation that occurs under stress at 
high temperature [3]. This time-dependent deformation is related to thermal activation 
processes which occur, e.g. thermally activated dislocation glide, cross slip, climb and the 
diffusion of vacancies and atoms. The temperature above which substantial creep 
deformation occurs after the application of the load is of the order of 0.3 T,. Table 2.1 
shows the approximate temperahues at which creep behavior becomes significant in 
enpineering alloys [4]. 
Table 2.1 Approximate temperatures at which creep behavior becomes significant for 
different metals and alloys 
Material type Temperatures 
"C O F  T f L  
Aluminum alloys 205 400 0.54 
Titanium alloys 315 600 0.30 
Low alloy steels 370 700 0.36 
Austenitic iron-base alloys 540 1000 0.49 
Nickel- and cobalt-base superalloys 650 1200 0.56 
Refractory metals 980-1 540 1800-2000 0.40-0.45 
Superalloys are used in heat exchangers, m a c e  Linings, boiler baffles, high- 
temperature bolts and springs, jet-engine burner liners and exhaust systems, components for 
gas turbines etc. Ni- or Co-base superalloys are often used under high stress conditions at 
temperatures up to about 1 100°C leading to creep deformation. Probably the most 
demanding application for creep resistance exists in aircraft gas turbine engines. Superalloy 
components in gas turbine engines include turbine blades, vanes, discs, combustion cans, 
ducts, cases and liners. Turbine blades operate at metal temperatures ranging between 650- 
1 100°C and under longitudinal stresses of up to approximately 150 MPa in the airfoil region. 
In the blade roof temperatures are lower while tensile stresses are higher (250-560 MPa) 
[5] .  These conditions require materials which provide high temperature strength, resistance 
to creep and microstructural stability at high temperatures. Turbine nozzle guide vanes, 
which are non-rotating components, are subjected to relatively low steady-state stresses (70 
MPa) but extremely high gaseous temperatures up to 1600°C or higher [6] .  The basic 
material requirements are therefore creep resistance at high temperatures as well as 
resistance to thermal and mechanical fatigue, oxidation, erosion and hot corrosion. Turbine 
discs operate at temperatures up to 800°C in the outer rim, and are subject to very high 
stresses and creep as well as creep crack growth resistance are considered important. 
Towards the center of discs, creep becomes less important since the temperature is lower, 
but stresses are of the order of 480 MPa and high low cycle fatigue and tensile strengths are 
therefore necessary. 
Through 60 years of research and development of superalloys, a large amount of 
creep data was generated for different superalloys, microstructure and micmsaucturd 
evolution effects on creep have been demonstrated in different composition ~peralloys, and 
creep mechanisms have been proposed and studied extensively. With the development of 
superalloys and related technologies, metallurgists are now more capable of meeting high 
temperature tensiie stress and creep property requirements through y' and y" precipitation 
control. The understanding and explanation of existing creep data are still developing, but 
extensive research will be required before the creep crack propagation is completely 
understood. 
2.1.2 The Phenomenology of Creep 
The engineering creep tests are usually conducted at a constant load or constant 
stress. Figure 2.1 illustrates schematically the creep behavior of a material subjected to a 
constant tensile load (curve A) and a constant tensile stress (curve B) [q. Both stress and, in 
particular, temperature increase the creep strain rate (dddt). Under constant load conditions, 
the creep curves are conventionally divided into three stages: a primary stage I, a secondary 
constant or steady-state stage, stage II and a tertiary stage ID. The first application of a 
creep stress will produce an elastic strain, and may generate an initial plastic strain if 
dislocation sources can be activated athermally. The stage I creep rate k ,  decreases 
continuously with time (and strain) in an annealed material. The stage II creep rate &, is 
also known as  the minimum creep rate. In stage EI there is an acceleration in the creep rate, 
leading to the eventual hcture of the specimen. The extent of the tertiary creep stage may 
be limited in some relatively brittle materials but it can be very extensive in ductile 
materials, 
If the creep curve is obtained under constant stress (not constant load) conditions, 
the m i t i o n  between primary and secondary creep often disappears and the transient creep 
is directly followed by tertiary creep. Garofdo [8] observed this behavior in an austenitic 
stainless steel and later Dyson and McLean [9] also observed similar behavior during short- 
term creep test in Ni-base superalloy Nimonic 80A (Fig. 2.2 [9]). These observations 
indicate that creep is a continuous process where a decreasing creep rate regime is followed 
by an accelerating creep rate regime beyond a minimum creep rate. In fact, the strain rate vs 
time curve does not always have a plateau in constant load creep. An example is shown in 
Fig. 2.3 [lo]. In a study on service induced microstructural damage and the rejuvenation of 
investment cast IN738LC turbine blades, Koul and CastiIIo 1111 have pointed out that, in 
constant load tests, it is more appropriate to consider the primary as well as the secondary 
creep stages together as part of a transient creep regime (Fig. 2.4). 
Creep properties refer to creep resistance and creep fracture properties. Creep 
resistance of different materials is often compared by comparing their minimum creep rates, 
the rupture times and the primary and secondary creep strains. Creep fracture is often 
characterized by the creep strain at rupture. The creep resistance (or strength parameters) 
are often defined in terms of the observed minimum creep rate (dddt)n and rupture life (tJ at 
a given stress and temperature [12]. When reference is made to an increase in creep 
resistance or strength, it is invariably accompanied by an increase in rupture life and a 
decrease in creep rate [13]. A commonly used test in the industry is the stress rupture 
(creeprupture or rupture) test and the important parameters obtained fiom this test are the 
time to rupture (h) and k t u r e  strain (E , )  . In a creep test, in addition to t, and E, the 
minimum creep rate is also determined experimentally. If the concept of creep strain limit is 
used for design, the primary strain or primary plus secondary strain are also important, since 
materials may process different transient strains but the same minimum creep rate. For 
example, the maximum overall strain allowed in civilian aircraft engines is approximately 1 
per cent in 10 000 hours (a strain rate of 3x 1 0-lo s-l) [14]. As a result, transient creep 
phenomena must be taken into account in these cases. 
The steady-state creep rate, sometimes approximated by the minimum creep rate, 
can be correlated to grain size (d), applied stress (0) and temperature (T) by a power law 
("power law creep") equation often presented in the following form: 
where D is the diffusion coefficient, E is the Young's modulus, b is the Burgers vector, k is 
Boltzman's constant, A is a material constant and n is the apparent stress exponent. This 
equation can fit creep rates generated fiom different creep mechanisms. Usually, "power- 
law" is a term employed for a phenomenological description of intragranular dislocation 
creep phenomena with n=4 to 7. The apparent stress exponent depends on a combination of 
external effects (applied stress, creep temperature) and internal effects (material. 
microstructure). Although the apparent stress exponent per se does not provide much 
physical meaning, it is still used to reflect the stress sensitivity of the dominant creep 
phenomenon in the material. An increase stress exponent with increasing stress may 
indicate a transition 1151 h m  diffusional creep or Harper-Dom creep at low stress to 
dislocation controlled creep or power law breakdown (dislocation glide creep). Figure 2.5 
[I 61 shows the minimum creep rate for aluminum over a wide range of stresses. 
At intermediate stresses, power law creep ofien gives rise to n=3 to 5, p=O and 
D=Dr, where DL is the lattice difiivity in pure metals and solid solution alloys. This 
indicates that at intermediate stress levels intragranular creep dominates creep deformation. 
Sherby and Burke [17] pointed out that solid solution alloys depict two types of creep 
behavior. Some alloys exhibit exponents n about 3 which are different fiom pure metals; 
Other alloys show a power law dependence with n equal to 5 which is similar to that of pure 
metals. The alloys which show a similar behavior to that of pure metals do not have 
significant primary creep and are not influenced by changes in stacking fault energy or 
subgrain size changes. The alloys showing a different behavior to that of pure metals show 
large primary creep characteristics and are influenced by changes in stacking fault energy 
and subgrain size. Nickel has a stress exponent of 5 and Ni-Cr solid solution alloys have n 
values of the order of 5.2 1181. 
At higher stresses, a power law breakdown behavior is observed where the creep 
rate increases rapidly with stress. This is associated with the ability of matrix dislocations to 
pass athemally through sub-boundaries [3]. Power-law breakdown may also result fiom a 
process of dynamic recrystallisation [19]. 
At low stress levels, a transition to Newtonian viscous flow occurs where n=I is 
observed, and this has been summarized by Wang [20]. Three distinct mechanisms could 
produce this behavior. Two involve the stress-directed flow of vacancies fiom the free 
surfaces and grain boundaries under a tensile stress to those under relative compression with 
the vacancy flow occurring through the crystal lattice (Nabarro-Herring creep) or along the 
grain boundaries (Coble creep); and for which the creep rate is grain size dependent The 
third process involves dislocation generation, multiplication and motion within the grains 
(Harper-Dorn creep), where the grain size dependence disappears. Although all three 
mechanisms can be described by the same power-law equation, the creep rates produced 
by each mechanism are different. As will be discussed later, the existence of purely 
diffusional creep mechanism has been challenged because the theoretical diffusional 
creep rates are several orders of magnitude lower than the experimental data. 
At stress levels ranging between Harper-Dom creep (n4) and typical power-law 
creep (45 n 5 T), GBS is the dominant mechanism. A stress exponent of 2 can be observed 
with p== 1 -2 in Eq. (2.1). At this stress level, the grain size has a significant effect on the 
creep rate. A stress exponent of 2 is also predicted by Langdon's GBS model [21]. 
Although creep rate from GBS also fits the form of Eq. (2.1), it is worth noting that the term 
'bpower-law creep" is mainly used to describe intragranular creep with n=3-5. 
Most engineering multi-phase materials show a very different creep behavior than 
that described for simple solution strengthened alloys at intexmediate stress levels. When 
the minimum creep rates are anaiyzed in terms of equation (2.1), much higher values of n 
and Q are obtained compared to simple single-phase alloys. The concepts of back stress or 
Wction smss were used to rationalize the minimum creep rate data of engineering alloys 
under these conditions. In an analysis of the steady state creep behavior of various y' 
strengthened nickel-base superalloys, Purushothaman and Tien [22] described dislocation 
creep through a modulus-nornalized effective stress including a microstructurally related 
back stress. The creep equation hen takes the fom 
where o is the applied stress, ae is the average back stress, E(T) is the temperature-sensitive 
Young's modulus in the applied stress direction, n, is the true stress sensitivity exponent, Q' 
is the true creep activation energy and A' is the material- and structure-dependent parameter. 
They incorporated a threshold stress which is of the order of the Orowan stress. A similar 
analysis has been employed for grain-boundary-related creep in Nionic 1 15 1231. The 
back stress aa can be estimated from equation (2.8) through iterative back calculations using 
isothermal creep rate data (221. 
As McLean [24] pointed out in an early nwey, a metal with melting temperature Tm 
usually shows three or four ranges of behavior: (i) 0q~0.3 T, (transient logarithmic creep), 
(ii) 0.3 T,G< 0.5Tm and 0.5 Tma<0.9 T, (the range or ranges which are usually important 
in engineering), and (iii) 0.9 T,q< T, (diffusional creep). Mclean suggested that cross slip 
of dislocations would be more important than climb in the lower of these ranges; in this case 
the activation energy would no longer be the activation energy for self-diffusion as it is in 
the ranges above 0.5Tm. Nabam and de Villiers [25] estimated that an atom will make one 
diffusional jump about every 500 seconds at T=T,. In order to influence the creep process 
by causing dislocations to climb, diffusion must occur over distances of the order of lo2 
atomic spacings, which requires about 10' random diffusional jumps, taking 5x 1 o6 s =2 
months. Therefore, in a test duration of 2 months, dislocation climb will be important at 
temperatures above OST, and unimportant below this temperature. 
2.13 Creep Deformation Mechanisms 
2.1.3.1 Creep Deformation Mechanism Map 
Generally, creep mechanisms can be divided into four major groups: diffusion creep, 
dislocation creep involving glide and climb, pure dislocation glide and grain-boundary 
sliding (GBS). Normally, there is a dominant creep mechanism in operation for a certain 
test condition, which depends on test temperature, stress and material. The regions of 
dominance of each mechanism are often dispiayed in a log d G  (G is the shear modulus) vs 
T/Tm CT, is the melting point in degree Kelvin) plot called a deformation mechanism map. 
The deformation mechanism map concept was first developed by Ashby [26] and later 
extended by Luthy, White and Sherby [271 to include GBS. Figure 2.6 presents an example 
of a deformation mechanism map for cast IN738LC turbine blade/vane material 1281. The 
blade operational stresdtemperature ranges for typical aircraft and land based turbines are 
represented by the hatched regions on the map. This deformation mechanism map indicates 
that grain boundary sliding and diffusional creep predominate during creep in aircraft blades 
and land based turbine blades, respectively. 
2.132 Relative Importance of Creep Mechanisms 
From a more hdarnental point of view, there have been two advances recently in 
the understanding of creep mechanisms, one is the recognition that GBS in superalloy 
controls the overall creep behavior, while the second concerns the challenge to the existence 
of pure diffusional creep. 
It is recognized that GBS itself contributes significantly to superplastic flow and the 
role of GBS during creep is also well recognized. Wu and Koul [29] considered that GBS 
always contributes significantly to the transient creep strain in poiycrystalline materials. 
This is because the stress at geometrical discontinuities, such as the grain boundaries, will be 
higher than within the grain interiors, and dislocations at these locations will be activated 
immediately upon the application of a load dlning a creep test. Following this rationale, 
GBS is expected to contribute to the creep deformation process much earlier than other 
deformation mechanisms. However, at any point of time, the total deformation is always the 
sum of GBS and intragranular strain according to the deformation decomposition rule. If 
the stress is high, creep deformation within the grain interiors by dislocation glide plus climb 
may provide the most part of total creep deformation since intragranular deformation is 
more sensitive to stress in the presence of a three-dimension dislocation network. In 
superalloys strengthened by a high volume fiaction of y' phase, GBS controls the long term 
creep (i.e. under conditions of practical importance). In addition, GBS as been shown to 
play a key role in the creep hcture process because intergranular hcture is often one of the 
characteristics of creep hcture. 
The existence of diffusional creep was challenged by Ruano, Sherby, Wadsworth 
and Wolfenstine [30-321 who also provided their phenomenological approach to 
understanding the creep behavior. In a recent paper [31], they brought the following 
arguments to support their claims: (i) Denuded zones, universally considered as direct 
evidence for diffusional creep, are seen only under conditions where a high stress 
exponent (as opposed to a value of 1 in Nabarro-Herring diffusional creep) is observed, 
indicating that diffusion-controlled dislocation creep is the operative deformation 
process; (ii) The creep rate of fine-grained superplastic materials is invariably orders of 
magnitude greater than predicted by diffusion creep, as shown in Figure 2.7 [3 11 in which 
cases, the deformation process has been established to be GBS accommodated by slip 
rather than diffusion creep. (iii) The creep behavior of he-grained copper measured by 
Burton and Greenwood [33] can be described by a diffusiontontrolled dislocation creep 
mechanism at high stresses, by GBS at intermediate stresses, and by Harper-Dom creep 
at low stresses, with no clear evidence for diffusion creep. It is however not clear 
whether these authors considered interface reaction controlled diffusional creep in any 
detail. 
2.133 Role of Grain Boundary Sliding (GBS) in Superalloy Creep 
There are two types of GBS 1341, respectively the Lifshitz and the Rachinger type. 
Lifshitz grain boundary sliding is a process related to diffusion creep. With the Lifshitz 
GBS, grains are elongated and displaced with respect to each other during the process. With 
the Rachinger GBS on the other hand, the grains retain essentially their origmd shape, i.e. 
this mechanism is independent of the deformation occurring in the grain interiors. The 
literature review which is presented here will be concerned with the role and effects of 
Rachinger GBS in superallo y s. 
Creep fkctographic studies have revealed that intergranular hcture is the dominant 
feahue in failed creep rupture and creep crack growth specimens. This indicates that GBS 
is an important creep deformation mechanism during superalloy creep. Therefore, grain 
size, grain boundary structure and grain boundary precipitate distributions all need to be 
evaluated in superalloys and optimized to obtain better creep properties in superalloys. 
Some experimental results are presented below. 
Since GBS here is considered a process of dislocation movement along or adjacent 
to grain boundaries, direct observations of dislocations near grain boundaries is important. 
Howell and Dunlop [35] have shown that grain boundary dislocations are always mobile 
whether the creep behavior is governed by diffused creep or power-law creep according 
to the deformation mechanisms maps. 
There is much evidence in the literature that grain boundary carbides decrease the 
creep rate by suppressing GBS in Ni-base superalloys [23, 36, 371. Low stress creep test 
data generated on new and service-exposed IN738LC blades over a wide range of 
temperatures [36] indicate that upon changing the fine intragranular y' and discrete grain 
boundary carbide distributions to an overaged y' size and an almost continuous grain 
boundary carbide network (as a result of service induced y' coarsening and MC carbide 
degeneration respectively), both the primary creep sfrain and the secondary creep strain are 
significantly reduced relatively to that of new blades. These observations indicate that GBS 
deformation control the evolution of creep strain during transient creep, since overaging of 
intragranular y' precipitates decreases rather than increases the resistance to creep 
deformation. 
Furrillo et a[. [23] found that grain boundary carbides increase the apparent stress 
exponent from approximately 2.2 to 14.6 with and without grain boundary carbides in 
Nimonic 1 15. They also observed the activation energy increases f k m  334 KJ/mol which is 
approximately that for volume diffusion to an apparent activation energy of 390 KJ/mol. 
They rationalized this increase in stress exponent in terms of the back stress caused by grain 
boundary carbides opposing dislocation motion in the grain boundary plane. This 
interpretation indicates that creep strain rate up to the minimum creep rate is also strongly 
influenced by GBS in superalloys. 
The improvement in creeprupture properties by serrated grain boundaries has also 
been demonstrated in superalloys [38-401. That serrated grain boundaries improve both the 
rupture life and the ductility. These results indicates that GBS also played an important role 
in determining rupture life and ductility and that GBS is suppressed by the serrated grain 
boundary structure by redistributing stresses. 
Langdon [21] modeled GBS in which sliding occurs by the movement of 
dislocations along, or adjacent to, the boundary by a combination of climb and glide. The 
theoretical analysis by Langdon revealed that the strain rate due to sliding is proportional to 
d The shear strain rate in a climbglide process is controlled by the rate of climb but 
produces strain through glide. The rate of climb (S) along the boundary , is 
s = Nbv, (2.3) 
where N is the number of grain boundary dislocations per unit length, b is the Burgers 
vector and v, is the frequency of climb. The shear strain rate by GBS is 
- MAbS Y&S - (2.4) 
where M is the number of boundaries per unit volume and A is the total area swept out by 
dislocations moving along a boundary. Since dislocations come into the boundary region 
from slip on either side of the boundary, M and A can be expressed as 6/rrd3 and xd2, 
respectively, where d is the average grain diameter. So, strain rate by GBS is 
With Langdon's model, the contribution of grain boundary sliding to the total strain 
( E ~ ~ E ~ )  increases with decreasing grain size at a high constant stress while this trend is 
reversed at a constant low stress and the maximum value attainable by increases with 
increasing grain size. 
Wu and KouI [29] modified the Langdon's grain boundary sliding model, developed 
for clean grain boundaries, to account for the presence of grain boundary precipitates by 
incorporating internal stresses opposing dislocation glide (rig) and climb (riC). In their model, 
they considered that the transient creep was operative during both the primary and the 
secondary creep stages in a constant load creep test. This model assumess that GBS governs 
transient creep in superalloys. Their modified rate equation for GBS is shown in Eq. (2.6) 
A D b b + r "' (r - rig)(r - sic) 
- ' (-1 (-1 
Y g b r -  kT d b 
(2.6) 
p2 
where q is the grain size index which assumes values of 2 for a discrete grain boundary 
precipitate distribution and 3 for an almost continuous grain boundary precipitate network, b 
is the Burgers vector and p is the shear modulus. They also predicted that in Eq. (2.6) in the 
absence of grain boundary precipitates, h will be equal to the interledge spacing and r will 
approach the average grain boundary ledge height This rate equation accurately describes 
the stress dependence of minimum creep rate in superalloys containing grain boundary 
precipitates. Figure 2.8 shows the minimum creep rate vs ( G - G ~ ~ ) ( C ~ ~ ~ )  in Nimonic 1 15 
(data fiom [3 81). 
The rate equation, along with the mathematical formulations for internal stresses. is 
employed to derive a transient creep model by Wu and Koul in tenns of strain (y) as  a 
fimction of time (t). The transient creep equation for a given temperature takes the form 
where yo is the initial strain, f , is the steady-state creep rate, p is a material constant, H is 
the work-hardening coefficient, and q is a parameter related to the rate of dislocation climb. 
This transient strain equation is very similar to Garofalofs empirical equation [8]. Upon 
transforming the shear components (r, y, p) into tensile components (o, E, E), Eq. (2.7) 
takes the form 
This equation accurately predicts the transient creep behavior 
superalloy material containing a discrete carbide distribution or a 
of N738LC Ni-base 
continuous network of 
carbides. Figure 2.9 shows the creep strain vs time relationship for new and service-exposed 
IN738LC blades tested at 899OC and 90MPa [29]. Their model focuses on the prediction of 
the basic creep parameters such as creep strain and time. 
2.13.4 Intragran-r Dislocation Creep 
As mentioned earlier, the climb-plus-glide mechanism is considered the most 
important cause of creep at intermediate stresses. This type of creep is known as "power- 
law creep" or "Weertman creep". Based on dislocation theory, Weertman's model [41,42] 
describes the creep rate as being proportional to the diffusion coefficient and depending on 
stress to the fourth power. In engineering alloys, it was proposed [43] that an effective 
stress should be substituted into Weertman's power-law equation to account for the high 
power observed in the presence of second phase particles [43]. It is worth noting that the 
term "power-law" is generally employed to describe intragranular creep. Recently, Wu and 
Koul [3] developed an intragranular creep deformation model having the following form, 
where o is the stress, p is the mobile dislocation density, v=kT/h, V is the activation volume, 
R is the atomic volume, 1 is the sliding distance, r, is the effective stress and AG; is the 
activation energy for lattice diasion. This model successfidly described the creep rate 
dependence on stress over a wide range of creep rate from Harper-Dom and power-law 
creep to power-law breakdown. This model indicates that intragrandar creep has the same 
base mechanism, i.e. climb plus glide. 
Assuming that the pseudo steady state creep rate, & i  , is described by Eq. (2.9)- the 
intr;tgranular creep with dislocation multiplication can be expressed as 
where B is the dislocation multiplication factor. Integration of Eq. (2.10) leads to the 
following strain-time relation 
The total creep strain at any point in time is equal to the sum of the GBS strain given by Eq. 
(2.8) and the intragranular strain given by Eq. (2.1 1 ), as schematically shown in Figure 2.1 0. 
2.1.4 The Importance of Grain Size and Grain Boundary Precipitates on Creep in 
NCBase Superalloys 
The microstructural features that control the properties of superalloys are the 
grain size, the size, morphology and distribution of carbides (i.e., grain boundary carbides 
and the primary carbides), the grain boundary morphology, the size, shape and volume 
hct ion  of intragranular y' and y" and the type of dislocation substructure. In this 
review, the controlling microstructural features related to grain boundaries of superalloys 
are highlighted. 
2.1.4.1 Grain Size Effects on Creep Deformation 
Grain size ranges can be divided in four categories and these are the macroscopic 
(> 1000 pm), the mesoscopic (typically 10- 1000 pn), the microscopic (0.0 1 - 10 pm) and the 
nanoscopic (typically of the order of only a few nanometers in at least one dimension) [44]. 
The mesoscopic grain size range is most common in metals and alloys used in normal 
engineering practice. In this grain size range, grain boundaries make a substantial 
contribution to the flow strength of the material. Grain boundaries act as barrier to 
dislocation motion below 0.25TM but grain boundary sliding (GBS) facilitates deformation 
during high temperature creep. GBS plays an important role in creep deformation in the 
medium temperature and stress range as indicated in deformation mechanism maps. 
Furthermore, the boundaries may play a dominant role in the ultimate rupture of a test piece 
or a component. An important characteristic of this range of grain size is the formation of 
subgrains within the grains during high temperature deformation. 
Malakondaiah et a1 [45] have analyzed the transient (primary) stage of creep at 
low stress in a-Ti, a-Zr, P-Co and zircaloy-2. They showed that time associated with the 
primary stage of the creep curve increased with increasing grain size up to a grain size of 
nearly 100 pm. However, transient strain, normalized with respected to the elastic strain, 
appeared generally to be independent of grain size. 
W u  and Koul [29] emphasized grain boundary sliding (GBS) role in the transient 
(primary plus secondary) creep of complex engineering alloys. Their mechanistic model 
showed that the creep rate is related to the grain boundary precipitate size, shape and 
distribution and grain boundary morphology. 
In a review on grain size dependence of the minimum creep rate. Li [46] 
SUIILrnarised the experimental results on the effect of grain size on minimum creep rate. 
Two types of creep rate-grain size relationships are commonly observed. In one 
relationship, there is a critical grain size above which the creep rate is independent of the 
grain size, but below which the creep rate increases with a decrease in grain size. In the 
other relationship, there is an intermediate grain size at which the creep resistance is 
optimum. The first relationship is usually observed at higher temperatures (> 0.5 T,), and 
intermediate stress ranges, while the second relationship was usually seen at intermediate 
temperature ranges (0.4-0.5 T,) and higher stresses. In both types of creep rate-grain size 
relations, the increase in creep rates with a decrease in grain size for small grain sizes is 
related to GBS. For very large grain sizes, an intragranuiar dislocation climb mechanism 
dominates during creep deformation for the first relationship, whereas a Hall-Petch grain 
boundary strengthening effect, associated with dislocation glide mechanism, is believed to 
play an important role in the second type of relationship. 
To predict the critical or optimum grain size where the minimum creep rate has the 
lowest value, Lasalmonie and Strudel 1471 in their review article presented considerations of 
creep mechanisms and the equations for the description of the U-shape curve in the 
minimum creep rate versus grain size relationship. In consideration of grain size, two types 
of creep mechanisms are considered: firstly by a purely diffusional mechanisms such as 
Nabarro-Herring and Coble creep, and, secondly, grain boundary sliding. The creep rate is 
then shown to be a decreasing function of the grain size (a ~ d * )  where m= 2 for bulk 
diffusion and m= 3 for grain boundary in accordance with the constitutive equations for 
creep listed in Table 2 2  1471. 
Table 2.2 Minimum creep rate equations of different creep mechanisms 
GB sliding 
CmmW by GB diffusion 
8 = 30 
Threshold slms z 10 - 'G 
C = 70 
h 
Threshold J I ~ S  G' - 
J 
F z  100 
15 = GB rhwknew 
0 7r 
Threshold sarcss a - - d 
Lasalmonie and Strudel offered the following equation for the description of the U- 
shape relationship between the steady-state creep rate and grain size (d) 
where D is the bulk diffusion coefficient at temperature T, k is Boltmann's constant, oe is 
the effective stress experienced by the dislocations, and is equal to the applied stress ca 
minus the internal stress oi, G is the shear modulus and b is the Burgers vector. In Eq. 
(2.12), the first term on the right represents the contribution of grain boundary sliding 
controlled by lattice diffusion and corresponds to curve 1 in Figure 2.1 1 [471. The second 
term in Eq. (2.12) is the contribution of dislocation climb and corresponds to c w e  2 in Fig. 
2.1 1. 
Lasalmonie and Strudel [471 have also included the Hd-Petch relationship into Eq. 
(2.12) to predict the optimum gmin size 
0, = o., - om - k I,P d *"? (2.13) 
where no is associated with microstructural hardening, kHp is the Hall-Petch constant. 
Setting wad = 0, the following relationship is obtained for the optimum grain size (4) 
In a recent publication on creep behavior of a Ni-15Cr solid solution alloy, a "LP' 
type steady state creep rate dependence on grain size was observed by Kloc, Fiala and 
Cadek [48]. The creep data were generated at low stress and intermediate temperatures and 
the intercept grain size ranged between 47 p and 254 p. Their experimental data can be 
most satisfactorily represented by considering a transition in mechanisms with a creep rate 
proportional to gmin size d-3 (Coble diffusional creep) to the mechanism with a creep rate 
independent of d (Harper-Dorn dislocation creep controlled by dislocation core diffusion). 
With the "U" type dependence of steady state creep rate on grain size, this indicates that 
28 
creep is not controlled by a single mechanism over the fdl range of possible grain sizes. 
Mannan and Rodriguez [49] studied the influence of grain size on the creep rate in 
AISI type 3 16 stainless steel at 873 and 973 K over a wide range of applied stresses. Grain 
boundaries contributed to strengthening at high stresses (180-260 MN m'2) at 873 K, as 
shown in Figure 2.12. The importance of loading strain in determining the creep rate was 
indicated. The creep rate was generally constant at 973 K (shown in Figure 2.13) but 
increased for small grain sizes and for lower stresses. This was attributed to an increased 
contribution of grain boundary sliding in fine grain size materials. 
Figure 2.14 [SO] gives an example for a series of alloys containing various y' volume 
fractions, fv. At small grain sizes, the steady state creep rate is proportional to d-2 which 
indicates that the deformation rate is controlled by lattice diffusion [50]. Above 0.5 T,, the 
secondary creep rate in most superalloys is generally a decreasing function of d for d < 200 
p. The decrease of creep resistance of small grain materials is usually attributed to more 
intense GB sliding in these materials. Figure 2.15 [5 11 shows a typical minimum creep rate 
at a critical grain size of Inconel alloy X-750 at 700°C using four grain sizes ranging fiom 9 
to 200 pn over a range of stresses varying between 207 and 414 ~ / r n r n ~ .  
White [52] qxxtecl reaching the lowest minimum creep rate at a grain size of about 
140 p in Nimonic 80A at 750°C. However, Brownsword and Hoar [53] observed that the 
secondary creep rate in Nionic 80A tested at 600°C decreased with an increase in grain 
size (as shown in Fig. 2.16). The main feature of Fig. 2.16 is that the minimminimum creep rate is 
grain-size dependent, at a small grain size value, for the low temperature (OST,,,) and high 
stress conditions employed. Under these conditions a sigdicant contribution fiom Coble 
creep to the total creep deformation would be unlikely and it is apparent that some grain 
boundary process other than d i f i ion  creep played an important role during creep 
deformation [53]. 
In a study on the effect of grain size (10-1 00 p) on minimum creep rate of Inconel 
718, Han, Chaturvedi and Cahoon [54] have suggested that the creep rate for power law 
creep varies as doe4*; whereas, the creep rate for difksional creep varies as dd.19 at 
temperatures ranging between 467 and 495°C. In the region between those in which 
diffusional creep and power law creep dominate, it is suggested that both mechanisms 
contribute to the creep rate, which gives rise to an optimum grain size exhibiting a minimum 
creep rate. 
Gibbons and Hopkins [55] investigated the influence of grain size and y' phase on 
the creep properties of Ni-20Cr alloys fiee of carbides. Figure 2.17, which illustrates the 
effect of grain size on the minimum creep rate of the alloys hardened with (Ti+Al), reveals a 
number of features. In the solid-solution alloy and in that containing 5 vo1.-% hction of 
precipitate, there was a fairly small effect of increasing the grain size on the minimum creep 
rate. On the other hand, in the alloy with 19 vo1.-% fiaction of precipitate, an increase in 
grain size had a large proportional effect in reducing the minimum creep but there was little 
M e r  effect at a larger volume hction of 3 1 vo1.-%. 
From the above review, it has been shown that the grain s k  effect on the minimum 
creep rate depends on the temperature and stress at which different creep mechanisms 
apply. At high stress levels, the grain size effect is small because deformation within the 
grains dominates. At low stress level, grain size effect is also small since the Harper-Dom 
creep mechanism dominates. The grain size effect also depends on the presence of grain 
boundary precipitates, their amount, and their distribution. When the grain size effect is 
investigated, all of these factors should be taken into consideration. 
Tertiary creep is often considered to involve the most severe damage 
accumulation processes. Grain boundary cavitation, wedge-cracking or oxidation 
cracking would most probably be caused or enhanced by GBS and vacancy diffusion 
which may also be a process related to grain boundaries. 
Koul and Wallace [56] have shown that the rupture life of a wrought nickel base 
superalloy is primarily governed by grain size and grain boundary carbide morphology. 
Generally, a large grain size improves creep rupture properties. However, large grains 
especially in relation to the section size, can cause gmin boundary sliding and lead to 
premature failure. Richards [571 found that rupture life and creep resistance increased as the 
component thickness-to-grain-size ratio increased. With a wrought superalloy, provided the 
ratio was kept constant, Life and creep resistance increased with grain size. Cast supexalloys 
show the same dependence of life and creep resistance on thickness-to-grain-size ratio. This 
effect can be very obvious when large grains occur in thin section. Thin sections usually 
exhibit reduced creep rupture resistance; the thinner the section, the lower the rupture 
strength compared to thick sections. For a given specimen size, the rupture life and creep 
resistance should increase with an increase in grain size as long as the grain size is below a 
critical size, but will decrease if the grain size is above this critical value. In their study on 
the microstructural dependence of creep strength in Inconel 700, Koul and Wallace [56] 
showed that rupture life decreases with increasing grain size (grain size: 200-500 p) in all 
their experiments. 
The grain size effect is associated with grain boundary carbide distribution In a 
study on the effect of grain size and carbides on the creep resistance and rupture properties 
of a conventionally cast nickel-base superalloy, Baldan [58] showed that the optimum 
values of creep strength and rupture properties are obtained at a specific grain size (Fig. 
2.1 8). This optimum grain size for their alloy was around 545 p. For this critical grain 
size the grain boundary carbide particle density is the highest, whereas above and below the 
this critical grain size the carbide density decreases (Fig. 2.19). 
2.1.4.2 Effect of Carbides on Creep in Ni-Base Superalloys 
Early investigators noted detrimental effects on ductility fiom certain grain boundary 
carbide morphologies and took the logical step of reducing carbon to very low levels. 
However, this direction was found to sharply reduce the creep life and creep ductility when 
the carbon content was less than 0.03% C in Nimonic 80A [59] and Udimet 500 [60]. 
Betteridge and Franklin 1611 were the first to iden* the critical role of MuC6 carbides in 
Ni-base alloy properties, finding that discrete g1obuIar Mac6 carbides at grain boundaries 
optimize the creeprupture life. 
The most popular method of strengthening the grain boundaries in Ni-base 
superalloys has been through the precipitation of carbides which decrease the creep rate by 
suppressing grain boundary sliding, as shown in Figure 2.20 [23]. 
Short tern stress rupture tests generally reveal a reduction in rupture life if 
continuous MuC6 networks are present [62]. It was also reported that impact resistance can 
be severely degraded if the carbides precipitate as a continuous MuC6 grain boundary film 
[63]. The presence of a continuous carbide film provides an easy hcture path. Although 
the grain boundary carbides tend to promote creep resistance by inhibiting GBS, the 
deformation that must be transferred from grain to grain is eventually accommodated either 
by cracking of these carbides or by interfacial decohesion leading to intergranular fracture. 
In other word, grain boundary sliding restricted by grain boundary carbides will lead to 
excessive stress build-up [64]. 
The deleterious effects of carbide network were also related to other microstructure 
degradations, such as denuded regions of y' or Cr. It has also been suggested that the MZC6 
and y' form an interconnected grain boundary network which is very susceptible to 
environmental attack and which reduces ductility 1651. Chromium depletion near grain 
boundaries was observed to be caused by the precipitation of chromium grain boundary 
carbides [66]. Grain boundary T i  carbides were also observed to reduce the creep 
resistance of X-750 alloy [67]. 
However, the effect of carbides on long term creep properties is different fiom shoa 
term creep properties. Investigations on new and senrice exposed IN738LC blades indicate 
that continuous networks have no detrimental effect on rupture life during long-term (1 0,000 
hour) creep tests and they reduce the minimum creep rate by suppressing grain boundary 
sliding [3 61. 
The rupture life and especially the ductility have been found to improve in the 
presence of grain boundary serration [68]. The increase in rupture ductility may be a direct 
consequence of the difficulties associated with cavity nucleation and Linkage along a 
serrated grain boundary 1691. 
2.15 Intergranular Creep Fracture 
While a large grain size is generally beneficial to creep resistance, it is usually 
deleterious to the creep fracture properties in terms of the creep ductility. In superalloys, the 
overall behavior during creep hc tu re  has been summarised by Wu and Kod [3]. There are 
three fkture criteria which can be applied to creep fkcture according to them: (i). If 
intragrandar dislocation accumulation alone leads to the point of structural instability, the 
hcture event may be linked to the exhaustion of tensile ductility, i-e., E,, = ef, where ~f is 
the fkture strain; (ii). If extensive intergranular cavitation occurs before individual grains 
are severely crept, fkacture is mainly caused by intergranular separation. At fracture. a 
critical cavity density may be reached such that d ( l -  o-) = a., where a,, is the area 
fi-action damage, o. is the material's heme strength; (iii). If hcture occurs due to a 
dominant crack propagating, coupled with environmental attack, cavity growth and 
microcrack linkage, the fracture criterion K = K, (hcture toughness) may apply. 
2.1.5.1 Types of Intergranular Cracks 
In wrought engineering materials under small Loads at high temperatures, (typically 
under 10" to lo4 G at 0.4 to 0.6 T,' ), creep and ultimately rupture occur by the nucleation. 
growth aod inter-linkage of creep cavities along the grain boundaries. Generally, cracking 
where G and T, refer to the shear modulus and the melting point. 
at grain boundaries is related to either cracking at grain-boundary triple points or to the 
formation of cavities (or voids) on grain boundaries which lie approximately normal to the 
applied stress. These two types of defects are often referred to [8] as w-type cracks and r- 
type voids (r) respectively. It is the development of the latter type of defects which leads to 
premature creep failure with limited ductility, which is termed creep cavitation [MI. Figure 
2.21 illustrates the relative tendencies for the formation of wedge (w) and cavity voids in a 
stainless steel [70] as a function of grain size. Cavitation forms preferentially at lower stress 
levels; whereas, triple-point cracking is the preferred mode at higher stresses. It is also 
evident that cavities form preferentially when the grain size is small. 
2.1.5.2 Grain Size Effect 
Grain size effects on creep fracture [71] (including the slow strain rate high- 
temperature tensile testing employed to save time in studies of creep-type fi-acture [7 1-75]) 
have been studied in stainless steels [71-731, copper [74] and a copper ailoy [75]. With a 
decrease in grain size there is usually a transition fiom wedge cracks to voids. In large 
grain size material, GBS c a w s  wedge crack formation at grain boundary triple points. 
However, triple points are usually considered to inhibit the propagation of wedge cracks 
1731. 
In a typical study on creep failure in type 3 16 austenitic steel [7 11, Moms found that 
increasing the grain size, at a given stress , leads to a maximum in rupture ductility at a 
grain size of approximately 25 p. At small grain sizes there is a low density of small 
cracks, which are elongated in the applied stress direction. He concluded that failure was 
consistent with the operation of the so-called intergranular void sheet mechanism. In this 
mechanism, failure occurs by the formation of intense shear bands between neighboring 
cracks or holes, with intragranular failure occurring within these shear bands. In the case of 
fine grain sizes and at high temperatures, failure is controlled by the volume fraction of 
cavities so that decreasing the grain size decreases ductility. With large grain sizes, there is 
a greater density of larger cracks and failure occurs after a certain amount of crack growth. 
It has been suggested that failure depends on the stress concentration developed at the tips of 
the largest cracks, ie., by a GrifEith-Orowan mechanism. This mechanism indicates that the 
onset of final rupture is controlled by critical crack length criterion. Increasing the grain size 
increases the crack length and decreases ductility. 
2.1.53 Grain Boundary Precipitate Effect 
The influence of grain boundary 6 phase precipitates on creep fixture was studied 
in Inconel 71 8 by Chen and Chahwedi [76]. They found that both the rupture time and 
total creep strain decreased with an increase in 6 phase when its area percentage in grain 
boundaries was below approximately 45%. However, when this percentage was greater 
than 45%, both the rupture time and creep strain increased with an increase in 6 phase to a 
value much higher than that observed in the material with no such precipitates at the 
grain boundaries. SEM observations of the crept samples and their hcture surfaces have 
shown that the presence of delta precipitates at grain boundaries results in the formation of 
creep voids in all specimens. They considered that the effect of creep voids on the final 
hcture of the material is dependent upon the amount of 6 phase . For lower amount of 6 
phase, creep voids were observed to be isolated, and the fhcture was considered to occur 
due to the propagation of wedge cracks initiated at triple points at the grain boundaries. In 
the presence of a higher amount of 6 phase, the probability of wedge crack formation should 
be reduced The h c h a e  will then be controlled by the growth rate and propagation of voids 
at grain boundaries normal to stress axis. This is a much slower process than the formation 
of wedge cracks at triple points. Their test results provide good evidence that grain 
boundary precipitates s e c t  the creep behavior. Our understanding of the role of grain 
boundary precipitates on creep fixture still leaves much to be explored. 
2.1.5.4 Environmental Effects 
Environment attack is an important type of damage since it often contributes to 
further reduce rupture life and rupture strain. This has been summarized by Ashby and 
Dyson [77. 
The effect of environment on the creep/rupture behavior of Ni-base superalloys 
appears complicated. For example, The rupture Life in both new and service exposed IN- 
738LC [36] blades appear to be governed by stress-assisted environmental cracking rather 
than by any deformation mechanisms 'per se '. Fracture in both materials occurs through the 
link-up of environmentally induced surface cracks with creepinduced internal cracks. Final 
fhcture occurs by transgranular shear. On the other hand, for some single crystal 
superalloys, longer rupture lives and lower creep minimum rates were reported in air than 
in vacuum [78, 791. In the air environment, oxide forms on the surface of superalloys. 
The thick oxide cracks during the extension of the specimen, and these cracks become 
blunted and grow slowly into the alloying element denuded soft surface layer. The 
surface oxide played a hardening role in the material deformation. This is considered to 
be the beneficial effect of environment associated with the matrix material behavior, i.e., 
in the absence of grain boundaries. 
In polycrystalline materials, a longer rupture life and lower minimum creep rate 
are generally reported in large grain size material compared to small grain size material 
in air [78-811. The reverse behavior has also been reported in some cases [80, 821, in 
particular, for coarse-grained specimens [8 11. In vacuum, a longer rupture life and lower 
minimum creep rate has been reported in small grain size material [78]. 
Two types of damage are usually caused by environmental attack, namely, internal 
oxidation and failure of the extemal oxide. In Ni-base superalloys, damage by failure of the 
external oxide is often the cause of environmental attack which may dominate the rupture 
life [36,78]. Ashby and Dyson [77l has provided a simple model to account for the fracture 
of the oxide scale. In this model, they consider a brittle, external oxide, of thickness h, on 
the &ace of a creeping metal. The fi-acture strain (or spalling strain) of the oxide is s*. 
Creep of the underlying metal stretches the film until it hctures or spalls. This increases the 
oxidation rate locally until the crack or gap heals; the time constant for healing is t*. The 
time taken for the new oxide film to crack is: 
During this time, the fitm has grown (assuming parabolic kinetics) to a thickness: 
where Kp is the parabolic rate constant (units: m2/s). If the oxide spalls when it hctures, the 
rate of loss of thickness of the sample, Wdt,  is: 
Wu and Koul [3] considered the case of surface cracks formed at oxides propagating 
towards the material interior along grain boundaries, as is often observed in cast Ni-base 
superalloys 136,781. They assumed that the growth of the oxidation damage is assisted by 
GBS, thus, cracks propagate along the grain boundaries by repeated breaking of previously 
formed oxide layers. Then, similar to the treatment of surface film rupture given above, the 
oxide crack propagation rate is 
where X is the oxide crack length, D is a diffusion constant, and E' is the hcture strain of 
the oxide. This model is also consistent with data on Udimet 700 1781 as shown in Fig. 
2.22 [3]. 
2 2  Creep Crack Growth in Ni-base Superalloys 
Industrial components often have non-dorm stress distribution which may result 
in the formation of discrete cracks, especially fiom some pre-existing defects. Growth of 
such discrete cracks is considered important in thick-sectioned components (such as those 
found in electricity-generating and petrochemical plants) where the existing stresses are low 
and the expected design lives are long. This kind of single crack growth under creep 
conditions is known as creep crack growth (CCG) process. Although creep crack growth is 
a type of creep damage, it is often treated as an independent subject from creep. 
In the past two decades, the creep crack growth (CCG) behaviors of a number of 
materials, such as low alloy steels [83-861, stainless steels [87-891 and superalloys [90-951 
have been widely studied. In early studies on CCG, a large numbers of studies attempted to 
determine which fbcture mechanics parameter best correlates the crack growth rates under 
creep loading conditions. Although the stress intensity factor K is suitable for describing 
slow crack growth behavior in many structural materials under fatigue (for example, see the 
literature review on the fatigue of superalloys [96]), several hcture parameters such as the 
stress intensity factor K., the net section stress CT, the C' integral and the crack-tipopening 
displacement (CTOD) 6 have been proposed for describing the CCG behavior. In this 
review, the w l l n e s s  of these parameters is briefly discussed and the experimental and 
theoretical basis for the applicability of K are reviewed. Another aspect of research on CCG 
is the crack initiation stage and the propagation behavior which are controlled by the applied 
stress conditions, the metallurgical variables and the environmental effects. The present 
section summarizes the important CCG experimental aspects such as the initial stage of 
CCG, the microstructural influence on CCGR, the kcture  mode of CCG, environment 
effects and long tern CCG as revealed fiom the literature. The modeling aspects of CCG 
are also classified and summarized. 
It is important to note that the CCG specimens employed are often precracked in 
fatigue. These specimens are different fiom the notch rupture tests in which the specimens 
are notched by mechanical methods. The latter tests were often used in earlier studies on 
superalloys to display the effects of composition, microstructure, etc., on the notch 
sensitivity, but these results differ fiom those obtained using the fracture mechanics 
approach. 
22.1 Fracture Parameters to Describe Creep Crack Behavior 
Several relevant parameters such as the stress intensity factor K [97], the path- 
independent C' integral, o r i m y  proposed by Landes and Begley 1981, the net section 
stress G , , ~  [99, 1001 and the crack-tip opening displacement (CTOD) S [101, 1021 has been 
employed for the phenomenological characterization of creep crack growth. One of the 
aims of many CCG studies is to determine whether or not creep fkcture can be analyzed by 
conventional hcture mechanics techniques or whether other parameters should be 
employed to better describe the CCG test results. 
In an "ideal" brittle material, the stress intensity factor K can uniquely define the 
stress field ahead of a crack tip. The K can then be clearly considered as the driving force 
for crack growth. 
If the material ahead of the crack is under steady state creep, C' can be employed to 
describe its stress state. There are two properties of C* [103], the fim being its energy rate 
interpretation, whereby, C' is the energy rate or power merefice between two identically 
loaded bodies having incrementally differing crack lengths. The other property of C* is its 
ability to uniquely characterize the stress distribution at the crack tip. For a power-law 
creeping material, the crack 1 
Rosengren [106]: a, = 
p stress is given by Hutchinson [104, 1051 and Rice and 
I - 
I+n - 
a, (B,n) , where Cg ( 0 , n )  is an angular function and I. is 
a nondimensional constant with a value ranging between 3.8 and 6.3 for a range of n values. 
The C* represents the amplitude of the crack-tip stress fields and is defined by analogy to 
du 
the J-integral: C* = Iw' - T - h ;  where r is the line contour taken fiom the lower crack 
r 6k 
surface to upper crack surface, W' is the strain energy rate (or power) density associated 
with point stress, q , and strain rate, &, , Ti is the traction vector defined by the outward 
normal, nj, along r and Ti = ci j  nj . The displacement vector is denoted by ui. 
Riedel and Rice first theoretically analyzed the applicability of the fixture 
parameters K and c*. In the creep brittle case, the elastic strains dominate almost 
everywhere except in a small "creep zone" around the crack tip. If the crack grows while 
this creep zone is still small compared with the crack length and the specimen size, the creep 
crack growth rate can be described by the stress intensity factor K. In the creep ductile case, 
the calculated creep zone becomes larger than the specimen size, the stresses become time- 
independent and the elastic strain rates can be neglected. In this case, the creep crack 
growth rate can be correlated with the C* integral. Five criteria for the creep ductile or the 
creep brittle cases have been proposed, either experimentally or theoretically. For example, 
the characteristic time t l  for the transition is defined as 
for plane strain, where E is Young's moduius, and v is Poisson's ratio in Eq. (2.19). For 
plane stress, the term (1 -v2) is replaced by 1. Small-scale yielding prevails if the time for 
the crack tip region to approach the steady-state creep stage is sufficiently small compared 
with the characteristic time tl. The characteristic time tl can also be simply compared with 
the test time or the hold-time (in creep-fatigue interacton tests) to decide whether small 
scale yielding or large scale yielding occurs. 
In creep or under a sustained load, crack tip blunting may occur (in the cases of 
using 6). Large scale creep deformation may proceed before the crack can advance by a 
noticeable increment (in the w e  of c*). Even, creep might occur over the whole specimen 
cross-section and the net section stress can be applied to predict the rupture life. 
Floreen [92] tested the CCG behavior of a series of typical superalloys in the 500 to 
70eC temperature range. The curves of the crack growth rate vs stress intensity factor in 
various superalloys are shown in Figure 2 1 3  [92]. As can be seen, the crack growth rates 
are proportional to a power of the stress intensity factor. Later, Floreen [lo81 in a study on 
Alloy 718 over temperature range of 595 to 704OC, used center-notched specimens and 
specimen thicknesses of 0.5 to 3.1 mm. He concluded that thickness had no apparent effect 
on the CCG characteristics. Slow crack growth during creep loading was intergranular in 
character, ,and the hctures were flat in appearance with no shear lips present. No changes 
in specimen thickness at the hcture surface could be detected. These results suggest that 
with nickel-base superalloys at temperatures of the order of one-half their melting point, 
fiacture mechanics can be used to study creep crack growth. 
It has been shown that the creep crack growth behavior of superalloys at 
temperatures between 538-760°C [90-941 can be well described in terms of K, while that of 
alloy steels and stainless steels [83-891 can be best represented by the C' integral. Other 
parameters were also found to be useful in some cases. Jones and Tetelrnan [I091 in a 
study on the elevated temperature static load crack extension behavior of type 304 d e s s  
steel showed that the stress intensity correlation is strongly dependent on specimen 
geometry; whereas, the net section stress correlation appears to be generally valid. Wells 
and McBride [110] were the first to propose that creep crack growth is controlled by the 
local displacement at the crack tip (6). Several investigators [101, 11 11 have correlated 
creep crack growth with 6 using indirect techniques. 
The choice of parameters becomes crucial only when trying to predict service 
behavior or for comparison with other experimental results. If the CCG tests are designed to 
compare different materials, heat treatments, etc., the choice of parameters is not important 
as long as identical specimens are employed. This is because K, c', and the net section 
stress ) are proportional to each other for a certain geometry and crack length. 
The K and the C' integral are the most commonly employed fixture parameters in 
CCGR because of their convenience and effectiveness. In superalloys, possessing high 
toughness and ductility at high temperatures, it has been demonstrated experimentally that K 
adequately correlates the CCG behavior. The K has also been employed to correlate CCGR 
data in aluminum alloys over a temperature range of 1 75-3 1 6OC [112] and titanium 
aluminides over a temperature range of 600-800°C [113]. In stainless steels and heat- 
resistant alloys that are not age hardened, C* appears to be a more appropriate parameter. 
2.2.2 The Creep Crack Growth Process 
Under creep conditions, the crack does not start to propagate immediately upon 
loading. There is an apparent incubation period before the crack start to grow. The crack 
then grows at an accelerating rate until a fa* overload fracture takes place. The general 
type of curve for crack growth rate vs the stress intensity factor is shown in Figure 2.23 [92]. 
At K values above the apparent threshold the creep crack growth rates dddt often can be 
expressed in a power law form, 
where A and m are constants in this equation. Values for rn vary from 2 to 8 but are not the 
same as the power law creep stress exponents for a given material. The CCG behavior is 
influenced by test procedures and temperature, microstructural variables and environmental 
effects. Creep hcture generally occurs by an intergranular crack growth process involving 
the formation of microcracks at grain boundaries ahead of the main crack. The CCG 
behavior and the associated hcture mode at the crack tip are discussed below. 
2.2.2.1 Initial Stage of CCG 
The initial stage of CCG is influenced by the loading procedure, the precracking 
method and the specimen geometry. Specimens employed for CCG tests are usually 
fatigue precracked CT specimens [92-94, 1 1 21, machine-saw-cut single edge notched 
(SEN) specimens [87] or electrical discharge notched CT specimens [114]. Most 
investigators use fatigue precracked CT specimens at room temperature for their CCG 
investigation. A load shedding procedure is widely employed in fatigue precracking to 
get a sharp crack, as well as to obtain a final AK as low as possible to facilitate creep 
crack initiation. Then the specimens are creep tested under sustained load at a fixed test 
temperature. The load at which the CCG test is started is higher than the maximum load 
employed during the last stage of fatigue precracking. The load might be increased if 
creep crack growth does not occur in a certain period of time, for example, 24 hours 
[ 1 1 21 or 1 00 hours [92,94]. 
In the study of CCG, the initiation time and threshold stress intensity factor are of 
interest. Many investigators have shown that there is a period during which no detectable 
surface crack growth occurs, with this period increasing with decreasing initial stress 
intensity. The incubation time is defined as the period necessary to detect crack initiation 
and growth over a certain distance by using the direct current potential drop technique [87. 
941. This critical distance is chosen in relation to the accuracy of the potential drop 
technique. This distance is often practically equal to approximately the size of a single 
grain. Unlike the fatigue crack growth threshold, the threshold in creep crack growth has 
less meaning since the threshold related stage I is only a transient regime, which is strongly 
dependent on the experimental procedure employed. As demonstrated by Diboine and 
Pineau [94], the threshold stress intensity factor increases with an increase in the initial load 
level. The threshold stress for multiple loads is higher than that for a single load. The 
threshold stress intensity is often reported to be of the order of a CCG rate of mmh.  
Sadanmda and Shahinian [93], in a study of creep crack growth in alloy 71 8, examined the 
fracture surface of a specimen alternately fatigue cracked and creep loaded for different 
intervals of time. Although the crack length measurements based on the specimen side 
surfaces showed no crack growth at 1 and 3 h intervals and very small growth at a 15 h 
interval, definite crack growth for all three intervals was observed inside the specimen. 
Based on these observations, they claimed the non-existence of any incubation period during 
creep crack growth. 
From a practical point of view, how the crack grows under creep conditions is also 
important. The nature of cracks has an effect on the initiation of the CCG process. Bain and 
Pelloux [I 151 in their study on CCG in PMRIIP Rene 95 compared the notched stress 
rupture (NSR) and single edge notched (SEN) specimens at different stress concentration 
factors &) of 3.18 and 10, respectively. They found that the crack initiation time was a 
strong function of notch root radius and the creep crack initiation times increased with notch 
root radius. No incubation time was observed for creep crack growth from fatigue 
precracked specimens in air for their test conditions. The test temperatures also had a strong 
effect on the initiation of CCG. At relatively low temperatures, the initial stress intensity 
required is usually so high that it approaches the Krc value of the material. Consequently the 
CCG data is difEcult to obtain. Such a temperature effect has been noticed in aluminum 
aluminide by Khobaib [110] with very high initial stress intensity factor at low temperatures. 
It is noteworthy that both the cavitation process and the environment-crack tip interactions 
during CCG are dependent on test temperatures and dependent on time. 
Specimen thickness also aEects the initiation period of CCG because the thicker the 
specimens, the more closely the plane strain conditions are approximated. As well, side 
grooves in CT specimens can ensure that the plane strain conditions are maintained [116]. 
In many cases, side grooves must be used to prevent severe crack tip curvature and shear 
lips at the lateral edges. 
23.22 The Effect of Temperature on CCGR 
Higher temperatures usually lead to higher creep crack growth rates. Sadananda and 
Shahinian [93] considered that creep crack growth occurs as a result of two competing 
processes, (i) diffusion of point defects which contributes to crack growth, and (ii) a power- 
law mep deformaton process which causes retardation of crack growth. This can explain 
their research of the temperature effect on creep crack growth in Inconel 71 8. Figure 2.24 
[93] shows their results as well as those obtained by Floreen [92]. The results show that for 
a given stress intensity value the crack growth rate increases sigmficantly with an increase in 
temperature b r n  538 to 649OC but it either decreases or increases only slightly with a 
fiutfier increase in temperature to 760°C. 
2.2.23 The Effect of Side-Grooves on CCGR 
Side grooves in CT specimens are used to ensure plane strain conditions for the 
cracking and to reduce or avoid crack tip tunneling. Figure 2.25 shows that the crack 
growth rates in specimens without side grooves are 10 times lower than those measured in 
specimens with side grooves in 2219-T85 1 aluminum alloy at 175OC [116]. Side groove 
effect was investigated with 40 pa, 20 pct or 0 pct width side grooves. The crack growth 
rates in specimens with 40 pct side grooves were slightly higher than in specimens with 20 
pct side grooves at a given stress intensity factor. Severe crack bowing occurred and shear 
lips were obsemed in the CT specimen without side grooves. Side grooves have also been 
found to be especially useful to in reducing crack tunneling during CCG tests on Udimet 
700 [I 171. 
2.2.2.4 The Effect of Microstructure on the CCGR 
Unlike the complex dependence of minimum creep rate on grain sizes, creep crack 
growth rate dependence on grain sizes appears relatively simple in superalloys [90, 1 181. 
Figure 2.26 and 2.27 present the effect of grain size on CCGR in IN-792 and M-718 
superalloys. The CCGR is roughly inversely propmional to grain sizes. This indicates that 
the micromechaaisms of CCG in the superalloys reported are generally cavitation coupled 
with environmental effect ahead of the crack tip. Larson and Floreen [90], in a study of 
metallurgical factors affecting the crack growth resistance of a superalloy IN-792, have 
pointed out that the primary factors influencing the crack growth behaviour were the grain 
size and grain boundary morphology. Increasing the grain size or having serrated grain 
boundaries markedly improved the "creep toughness". By slow cooling through the gamma 
prime solvus, a serrated grain boundary structure was developed, which also improved the 
cracking resistance as shown in Figure 2.28 [go]. However, the grain size effect in the 
absence of grain boundary carbides in superalloys and the effect of grain boundary carbides 
have generally not been well explored. 
In contrast, Zhu et al. [I14 1191 in a study on creep crack growth behaviour of Fe- 
15Cr-25Ni austentic steels concluded that the creep crack growth rate increased with 
increasing grain size. Grain boundary triple points were identified as the main barriers to 
crack propagation and, with an increase in grain size, the number of triple points decreased 
and therefore the crack growth rates increased. Again, the grain boundary related 
microstructure strongly influences the CCGR. 
It is also known that overaging tends to improve the CCG characteristics of many 
alloys, and typical results are shown in Figure 2.29 [92] for Inconel 71 8 at 649°C. The alloy 
in overaged condition shows a much higher threshold stress intensity and lower growth 
rates. The explanation is probably that overaging tends to change the slip mode h m  
dislocation shearing to looping (planar to wavy) [120]. Wavy slip allow the back stress to 
reduce more quickly. As a result, the effective stress at boundaries and near crack tip 
relaxes more quickly. The dislocation looping mode promotes slip homogeneity, the 
maximum stresses associated with slip bands are reduced at grain boundaries, and cracking 
should be less likely. 
The beneficial effect of grain boundary carbides on the creep crack growth rates has 
also been reported for superalloys [go, 1 1 81 and steels [ 12 1, 1 221. 
2.2.2.5 The Effect of Environment on CCGR 
The environment has a strong effect on CCG behavior. Environmental corrosive 
process at the crack tip is one of the reported micromechanisms responsible for the obtained 
CCGR The effects of environment on CCG in Inconel 718 have been investigated by 
Fioreen and Kane as  shown in Figure 2.30 [123]. Although cavity formation and 
transgranular cracking were observed for both the air and helium environments, the crack 
growth rate was almost 100 times higher in air than it was in helium. Bain and Pelloux 
[lo 1, 1241 observed that the creep crack growth rates were strongly environment sensitive in 
PMMP Renk 95. It was reported that the CCGR in air were up to 1000 times faster in air 
than in argon for a given value of K. The effect of environment on the CCG varies with the 
type of alloys. It has been reported [95, 1251 that Udirnet 700 and austenitic stainless steels 
(type 304 and 3 16) were less sensitive environmentally, while Inconel 71 8 and Inconel X- 
750 were sigdicantiy more sensitive in air, with the crack growth rates one or two orders of 
magnitude greater than those obtained in vacuum. 
Pelloux and coworkers [101, 124- 1261 showed that, for tests carried out in air, the 
environmental effects seem to be principally due to oxidation at the crack tip. Oxidation 
plays a prominent role in creep crack growth. Superalloys, even though they have good 
creep rupture strengths, may have very poor resistance to creep crack growth. This is 
because superalloys are designed to develop protective d a c e  oxide layers (usually A203 
and Cr203) in oxidizing environments. The depth of oxygen penetration in a high 
temperature tensiie test is usually small when compared to the dimension of the tensile 
specimen, but it is a significant portion of the plastic zone size near the crack tip of a hcture 
mechanics specimen. At a crack tip under stress, moreover, the layer breaks continuously 
and oxygen atoms can penetrate into the material, preferably along grain boundaries. It is 
speculated that the diffusion of oxygen into the base metal along grain boundaries leads to 
the formation of complex oxides which embrittle the grain boundaries [127]. These fine 
oxide particles may act as the nucleation sites for creep cavities, thus increasing the cracking 
rate. Gas bubbles may also be created along grain boundaries in nickel-base alloys 
containing carbon, due to the chemical reaction by which oxygen combines with carbon to 
form carbon dioxide [128]. It has been shown that oxygen diflking along the grain 
boundaries in nickel-base alloys causes a decrease of ductility and of tensile strength at test 
temperatures between 600°C and 800°C [ID- 13 11. Oxidation effects on crack growth rates 
were also noted for single crystals of nickel-base superalloys [132, 1331. These results of 
environmental effects on CCG behavior indicate that oxidation attack is an very important, 
or even controlling, factor for creep crack growth. Any approach to CCG should take into 
account environmental effects. 
Although environmental effects should be taken into consideration when trying to 
understand CCG tests, there is no simple rule that can be employed. An air environment 
does not always accelerate creep crack growth compared to vacuum. In a study on crack 
growth behavior of some cast nickel-base superalloys (IN-738, In-792 and Rene 80), 
Shahinian and Ssdananda [134] showed that these three cast superalloys had higher apparent 
resistaace to creep crack growth in air than in vacuum (shown in Fig. 2.3 1 [134]). They 
explained this as being probably due to oxidation blunting the crack tip and further denuding 
the crack tip region of alloying elements, making it more ductile and susceptible to blunting 
and thereby retarding crack growth compared with thar in vacuum. The environmental 
effect is also associated with another micromechanism, e.g. cavitation. Although a 
difference in CCGRs between air and vacuum at 650°C was observed in Astroloy [135], the 
contribution of oxidation to creep crack growth was small compared to the creep cavitation 
damage at 760°C. This result is in agreement with the data obtained by Sadananda [117] on 
Udimet 700, which is an alloy very similar to Astroloy. 
Some interesting aspects were found in a study on the CCG behavior of titanium 
aluminides (Ti-24AL 1 1 Nb) [ 1 131. At 650°C, the CCG behavior became very sensitive to 
the K value and therefore it was very difficult to generate data over a wide range of CCGRs. 
The failure mode in air was observed to be transgrandar at all temperatures except at 800°C. 
where the fhcture appeared to change to partially intergranular. However, the failure mode 
of specimens tested in vacuum appeared intergranuiar at all temperatures. The CCGRs and 
hcture behaviors at different temperatures and atmospheres were again related to 
environmental effects. 
222.6 Long term CCG 
Long term creep crack growth rate data is of interest for practical engineering 
applications. Crack growth rates of 10" m/s ( 3 . 6 ~  105 mm/hr) or less are characteristic of 
the long tenn CCG growth data which are needed for practical applications. However, they 
require tests lasting 1000 hours or more in duration. Of no surprise, there is little data 
reported in this regime for superalloys, although such data has been obtained in type 3 16 
stainless steel [l36, 1371. 
2.22.7 The Fracture Mode During CCG 
The use of hctography and metallography of cross-sections are the two methods 
usually employed for studying the hcture modes associated with CCG. The macroscopic 
features of hctured &aces include (1) the surface flatness, (2) the extent of crack tip 
curvature and (3) d a c e  oxidation color. It is interesting to note that extensive crack tip 
branching with no crack tip tunneling was found during CCG tests on PM/HIP Ren6 95 
[I151 in air. On the other hand, no s i d c a n t  crack tip branching and a slight crack tip 
tunneling were observed in tests in high purity argon. This M e r  indicated strong 
environmental effects on the CCG behavior in air. 
The microscopic features often found on the hctured surfaces include (1) the 
hcture path, (2) the presence of cavities and (3) the presence of crack tip branching. The 
f k t u r e  mode of CCG is primarily intergranular with a small hction of tramgranular 
cracking in superalloys [92] and stainless steels [87, 1021. The hction of transgranular 
cracking decreases with increasing temperature [93]. Sometimes, the k t u r e  surface details 
are not clear due to severe oxidation- This makes it difficult to observe the cavities on the 
k t u r e d  d a c e ,  although cavitation is observed in many cases. Figure 2.32 [I381 shows 
some cavities on the hcture surface of a 0.5Cr-0.5Mo-025V steel. From a microscopic 
point of view, most CCG results reported in wrought alloys involve ductile fracture with 
cavity formation. The shape of the microvoids is usually spherical, at least in two 
demensions. 
Cavity nucleation and growth is one mechanism by which CCG operates in many 
cases. The distribution of cavities ahead of the creep crack, which can also be observed on 
metallographic cross sections, as shown in reference [92], provides important information in 
understanding the micromechanism of CCG. Some materials nucleate microcracks ahead 
of the main crack, with the subsequent joining of the more favorably oriented cracks with 
the main crack, while other materials do not have observable microcrack nucleation ahead 
of the main crack. For example, Udirnet 700 follows the fint category, while Inconel 718 
and Inconel X-750 belong to the second category, as discussed by Sadananda and Shahinian 
[95]. Sections of creep hctured specimens can also be used for displaying suxface layer 
denuded by the environment [134]. 
In a study on long-term creep crack growth behavior (>10000 h) of 3 16 stainless 
steel, Tabuchi, Kubo and Yagi [I361 observed a relationship between the creep crack 
growth rates and the hcture mode. The crack growth rates obtained using CT specimens 
were faster at 750°C than those in short-term tests at 650°C. The creep crack which gave 
wedge-type or cavity-type intergranular fracture showed higher growth rates than that which 
produced transgranular fracture. The difference in the crack growth rates between the 
wedge-type intergranular and transgranular fracture modes was attributed to the effect of 
creep ductility. The crack growth with cavity-type hc tu re  was observed for higher 
temperatures and longer term creep tests. 
233 Creep Crack Growth Rate Models 
Understanding the creep crack growth behavior and establishing mathematical 
relationships between microstructure and the CCG properties is an active area of research in 
nickel-base superdoys. There are a considerable number of models available in the 
Literature for modeling the creep crack growth behavior. The following summarizes some 
important aspects of two distinct approaches and in deeloping models. Two types of 
approaches, one at the macroscopic viewpoint, and the other using the concept of cavity 
nucleation and growth of cavities, both of which use the stress intensity factor K in their 
formulation, will be presented because the CCGR in nickel-base superalloys are to be 
correlated well with the stress intensity factor K. CCG has been analyzed assuming that the 
crack extension is controlled by difbion, by deformation or by a combination of these two 
processes. These will be discussed in turn. Wu and Koul [139] developed an intergranular 
creep crack growth model which also provides a physical description of the region ahead of 
the crack tip. Their model will also be presented. The effect of environment on the creep 
crack growth behavior and the model related to this effect will be discussed subsequently. 
2.23.1 Stress Intensity Factor (K) Based Models 
huushothaman and Tien [140] considered K as a parameter for correlating the 
CCGRs and proposed a continuous rupture model. In their model, the Orowan-Irwin 
expression is used to estimate the stress distribution in the vicinity of the crack tip. They 
also employed an empirical time-to-rupture expression is used to describe the fkcture event. 
The final expression for CCG rate is: 
da/dt = B E;"" exp (a~', I RT) (2.2 1 ) 
where B and a are material constants, with a equal to or slightly less than unity, m is the 
steady state creep stress exponent, and Qc is the activation energy for steady state creep. 
This model entails that the activation energy for crack growth is less than that for creep (Qc). 
The authors used the activation energy data for Inconel 71 8 [92] to support their contention. 
On the other hand, the results by Sadananda and Shahinian [95] indicate that most of this 
energy is related to environmental interactions. This analytical equation also assumes a 
power law dependence of dddt on the applied stress through the stress intensity factor K 
with a power exponent am. This power exponent is found to be close to the value of the 
stress exponent for the steady state or minimum creep rate with a = 0.7 - 0.8 for superalloys 
Although the stress provided by the Orowan-Irwin elastic expression only 
approximates the actual stress near the crack tip, Furushothaman and Tien's model is simple 
and clear. Actually, the model considers the plastic deformation zone ahead of the crack tip 
as zero, and this assumption may not be true but not far from the small-scale yielding 
condition applicable in superalloys. in their model grain boundary sliding was not 
considered as a creep crack growth mechanism. 
Dirnelfi and Nix [I411 proposed a CCGR model also based on the K as a driving 
force. They noticed that cavitation damage is often nucleated in the early stages of creep 
and that the mean density of the cavities increases with increasing applied stress. They 
postulated that the stress field ahead of the crack tip is the same as that predicted by linear 
elasticity. They also ignored the effect of cavities on the stress distribution. They also 
assumed that the material deforms under a constant applied stress in accordance with power 
law creep and that the grain boundary cavities grow by the same process within an 
intensified stress field ahead of the crack tip, as during power-law creep. Therefore, the 
steady-state crack growth rate can be calculated by considering that the crack grows one 
cavity spacing when the nearest cavity grows large enough to intersect the crack tip. 
Their formula to express the growth rate in terms of the rate of growth of a spherical 
cavity ahead of a crack, is written as 
where A is a constanf C is the cavity diameter, n is the exponent in the power-law equation, 
X is the distance ahead of the crack tip and K is the stress-intensity factor. 
As compared to Purushothaman and Tien's model, Dimelfi and Nix's model is more 
mechanistic, because it tries to model grain boundary cavity nucleation and growth ahead of 
a macroscopic crack. The model also relates the grain size effect to the CCG process. They 
assume that when creep flow is associated with cavity growth, the deformation is highly 
localize& and intergranular fkcture can occur with very little plastic deformation. Thus, the 
stress field ahead of the crack tip is closely approximated by the elastic field. However, they 
also assume that the cavities M e r  suffer creep deformation. It is further assumed that the 
nucleation of cavities ahead of the crack is homogeneous and that interactions between 
cavities can be ignored. The model also suggests that creep ductility depends very much on 
the intercavity spacing. 
2.23.2 Deformation Based Models 
Deformation based models describe the so-called "steady-state" of CCG process. 
Creep crack growth process can be considered involving two Frocesses: one is deformation 
of the material ahead of the crack tip causing crack-tip blunting; the other is damage 
accumulation in terms of microcracks or voids. While the first process can decrease the 
crack-tip stress field, the other can increase it by coalescence of microvoids with the crack 
tip. The steady state of creep crack growth behavior should be related to the balance 
between these two competing processes. The deformation models thus developed provide a 
basis for understanding how it affects the creep crack growth behavior. The model of 
Purushothaman and Tien and that of Dirnelfi and Nix discussed above can also be viewed as 
deformation-based models. 
Bamby [I421 developed a model which assumes that under steady state conditions, 
the creep rates are inversely proportional to the rupture time, and that the crack growth rates 
are proportional to the creep rates. An expression for the crack growth rate in terms of Km 
(m has a value of 3 or more) and om was deduced from the limited cases of low and high 
values of creep exponents. It should be noted that the first assumption is empirical while the 
second assumption is not necessarily valid, since materials with high creep rates do not 
always have high creep crack growth rates and vice versa Although this model relates the 
creep crack growth rate to creep deformation, it does not provide a clear physical description 
of the phenomenon. 
One similarity among all the deformation models is that some criterion for crack 
growth such as a critical strain, a critical displacement, or the time for fixture of a critical 
size ligament ahead of the crack tip is assumed in all cases. 
In the critical strain model of Floreen and Kane [91], intergranular creep hcture 
propagates when the local strain ahead of the crack tip reaches a critical value. The value of 
the critical strain appears to be related to the microstructure of the grain boundary as well as  
the internal structure of the grains. Examination by Floreen [92] of the test results in a 
number of different nickel-base superalloys indicated that the stress intensity required to 
produce failure in 100 hours at 7W0C could be expressed as 
K = [3bocFE + 0.3a&d&*]'~ (2.23) 
where 6, is the initial crack tip displacement, o, is the yield strength, E is Young's modulus. 
E' is the critical strain and d is the grain diameter. In this formula, it is noteworthy that creep 
cracking rate is accelerated in the presence of a large grain. The model is based on the 
critical strain model of McChtock x,d Irwin [143]. Some of the assumptions made are very 
similar to those of Barnby [142], and therefore the same limitations also apply to this model. 
While the critical strain models help in understanding the CCG mechanism, they cannot be 
easily used to predict the CCG rates because of the uncertainty associated with the actual 
critical strain value. 
Walker and Wilson [I441 analyzed the creep crack growth process using a unified 
viscoplastic constitutive formulation [145] to determine the time dependent material 
behavior in the vicinity of the crack tip. A continuum damage equation, proposed by 
Chaboche [146], was also employed to predict the time required to fail a particular point in 
the crack tip area. The proposed viscoplastic/continuum damage model can predict the 
CCGRs using material constants obtained fiom uniaxial bar specimens. This is a great 
advantage of the model over other models. Their model prediction fits well the creep crack 
growth rate data obtained fkom experiments on CT specimens of Inconel 7 18 at 649OC. 
2.233 Dmsion Based Models 
In the temperature ranges of interest for many applications, diffusion always occurs. 
The operating diffusion mechanism can be an important factor in detenining the actual 
CCG rates. Creep crack growth is essentially intergranular. Cracks grow by diffusion 
because of the chemical potential gradient set up by the stress field near the crack tip. 
Growth can occur either by volume or grain-boundary diffusion of vacancies towards the 
crack tip, which is equivalent to diffusion of atoms away from the crack tip. Diffusion 
models assume that creep crack growth is purely controlled by diffusion or diffusion caused 
by deformation. This provides a h e w o r k  to undernand and predict creep crack growth 
rates. The available activation energies for CCG, which have not been extensively 
measured, appear to be within the range of grain boundary diffusion energies for some 
materials [92, 951. These observations indicate that the CCG process is associated with 
grain boundary diffusion. 
Vitek provided a detailed diffusion analysis using numerical techniques. He 
proposed a model for intergranular creep crack growth rates controlled by diffusional flow 
of material along grain boundaries in certain alloys [93, 148, 1491. The proposed 
mechanism of crack propagation was grain boundary diffusion of atoms away from the 
crack tip, with the atoms deposited at the grain boundaries, assumed to be ideal sinks for 
atoms. The driving force for this atomic diffusion is the chemical potential of atoms at the 
grain boundary subjected to a normal tensile stress. The numerically calculated crack 
growth rates were obtained f?om the following equation: 
where R is the atomic volume, G the shear modulus, k Boitpnann's constant, S the grain- 
boundary thickness and d the crack-tip displacement. The fourth-power dependence on K is 
predicted for steady-state crack growth. For K smaller than some minimum value, Vitek 
shows that the growth rate decreases, reaches a minimum, and then increases when steady- 
steady conditions are established. 
Vitek's theory of intergranular crack growth at elevated temperatures is somewhat 
analogous to the theory of the growth of homogeneously distributed r-type voids. He 
considered the effect of stress relaxation due to the deposition of matter fkom the crack tip. 
However, this model does not take into account the deformation and grain boundary sliding 
effects near the crack tip. Although the IC4 dependence of steady-state rate is absolute, the 
transient regime predicted by this model satisfies the observation that the initial creep crack 
growth rate decreases with an increase in stress intensity in some cases. This model predicts 
a very sensitive dependence of the CCGRs on crack width. 
The diffusion model developed by Sadananda [I501 provides a different perspective 
of creep crack growth, even though the assumption of crack growth occurring by the 
difFusion of vacancies along the grain boundaries is similar to that of Vitek 11471. It is 
suggested that creep crack growth results fkom a balance between two competing processes, 
namely the diffusion of point defects which contributes to crack growth and creep 
deformation which tends to retard growth. It is also suggested that grain boundary 
associated crack growth should occur within a limited temperature range. Crack growth 
occurs if D& > ZDN, where D, and Db are the grain boundary and bulk diffusion 
coefficients respectively, and d and r, are the grain boundary thickness and the plastic zone 
size respectively. The upper limiting temperature is determined by rhe bulk diffusion 
processes which can cause vacancies that are diffusing to the crack tip to be dispersed into 
the plastic zone ahead of the crack. This model's predictions and the upper limiting 
temperature correlate well with Inconel 71 8 data [93]. As noted in Figure 2.24, for a given 
stress intensity value, the crack growth rates in Inconel 718 increased significantly with 
increasing temperature from 540 to 650°C but decreased or increased very little with further 
increase in temperature to 760°C (Fig. 2.24 [93]). 
2.23.4 Combined Deformation and Diffusion Models 
There are models developed to consider both the effect of deformation and diffusion 
on creep crack growth. 
Beere and Speight [I511 studied the diffusive intergranular creep crack growth in a 
plastically deforming solid. The diffusion of atoms can locally relieve the high stresses at 
the crack tip. An equilibrium stress profile increases continuously with increasing distance 
fkom the crack tip. The crack moves essentially by difhsional creep between the crack and 
the boundaries around the crack Ahead of the crack , this displacement is matched by 
dislocation creep. The crack growth rate under steady-state conditions is given by 
where b is the creep rate in the plastic zone, D, is the surface diffusion coefficient, D, is the 
grain boundary diffusion coefficient and 4 is the applied stress. In Beere and Speight's 
analysis, the diffusion and deformation are coupled, but the deformation is only considered 
to accommodate the incompatibilities in deformation The stress is assumed to be a 
minimum at the crack tip in the model. 
Wu and Kod [139] developed an intergranular creep growth model which provides 
a physical description of the region ahead of the crack tip. According to their review, 
cavitation ahead of the main crack is recognized in most CCG models. The analytical 
treatments available are largely based on continuum mechanics or continuum damage 
mechanics concepts and, therefore, do not provide a physical description for the grain 
boundary cavitation process, which causes intergranular crack growth under creep 
conditions. 
Wu and Koul [139] consider that under the conditions of steady-state creep, where 
elastic deformation can be neglected, the total strain rate ahead of the crack tip can be 
written as: 
. . 
E = E~ + sgbs + sdiE (2.26) 
where %refers to creep deformation due to the motion of dislocations within the grains, 
L., refers to creep deformation due to grain boundary sliding, and kdfl refers to creep 
deformation due to diffusional creep. This model describes the creep crack growth as a 
combination of deformation, diffusion and grain boundary sliding events. In this combined 
model, however, GBS is consideicd to be the critical and dominant factor. The stress 
distribution ahead of the crack tip is assumed to be properly described by the HRR field 
[104, 105, 1061. Therefore, the model assumes the stress-dependence of creep crack growth 
rate to be of the form 
&KC' (2.27) 
a relation which has been observed experimentally in many cases. 
Sadananda and Shahinian's combined model [152] relates the creep crack growth 
rate to matrix creep and grain boundary sliding. Figure 2.33 [ 1 521 schematically shows how 
grain boundary sliding can lead to nucleation of a microcrack and its growth. From 
geometric considerations, they consider the coalescence of the microcrack as an event 
requiring a sliding displacement (d) equals to U2 where L is indicated in Fig. 2.38. The 
resulting crack growth rate takes the simple form 
daldt = 21 li, 
where is P, the strain rate due to grain boundary sliding. 
Sadananda and Shahinian applied to their model the Crossman and Ashby's 11531 
finite element analysis of the sliding rate as a fimction of the matrix creep rate. For the case 
where grain boundary sliding is accommodated by power law creep, the crack growth rate is 
given by 
dddt = 2La ti, (2 -29) 
where zi, is the total deformation rate of the aggregate and ir, = h, + ic, ( li, is the 
matrix deformation rate). This equation indicates that the sliding rate and the creep rate are 
competing processes. An optimum condition exists where crack growth rate reaches a 
maximum. If the creep rate is very high, either because of a high loading rates or high stress 
index n, creep crack growth should not occur. 
Few studies have tried to model the effect of environment on the creep crack growth 
rates. Bain, Pelloux and Bensussan [124, 1251 have linked the environmental effect on 
CCG in several disc alloys successfully. Their model is based on the concept of critical 
strain often used in deformation models, coupled with an oxidation effect at the crack tip. 
The creep strain accumulated ahead of crack-tip is given by 
where gC(t) is the creep strain as a function of time, E is the Young's modulus, Bc and Nc are 
material constants defined in Norton's Law. The damage accumulated ahead of the crack 
tip was treated as creep strain in elements equal in size to the critical microstructural 
parameters (i.e. grain size, or prior particle size). The proposed model requires only 
information on the microstructure and data from smooth bar tensile and creep tests to 
generate a prediction of the time dependent crack growth rates. The effect of the 
environment was taken into account by reducing the allowable creep strain and/or by 
changing the critical microstructural parameters (e.g. grain size for tests in air and prior 
power particle size for tests in argon). A comparison [I251 between the predicted and 
measured growth rates for PM HIP MERL 76 tested in air and in argon at 704'C is shown in 
Figure 2.34. 
3. EXPERIMENTAL MATERIALS AND 
METHODS 
This section presents the material used, heat treatments conducted and testing 
methods employed in this project. 
3.1 Materials 
The material used in this study was a wrought ~dirnet' 520 (U-520) nickel-base 
superalloy produced by Special Metal Corporation, and sbsequently hot rolled and 
centerline grounded into reforging stock by Kelsey Hayes Inc. Table 3.1 lists the 
chemical composition of the material investigated. 
Table 3.1 Chemical composition of the alloy investigated (wP/o) 
3.2 Microstructural Characterization 
In order to establish the optimum range of grain sizes for creep and creep crack 
growth studies, several prelimioary solution treatments were applied to the forging stock 
materials. The influence of solution treatments was studied on specimens solution-treated at 
1050°C, 1090°C, 1 135OC, 1 18S°C and 1235°C for 1,2 and 4 hours followed by aircooling 
(AC) as well as at 1 190°C, 1200°C, 1210°C, and 1250°C for 2 hours followed by water- 
quenching. An immersion etchant containing 10 ml FINO3, 10 ml acetic acid, 15 ml HCI 
and 2-5 drops glycerol was employed to reveal the grain structure of solution treated 
specimens. The mean linear intercept length of the grain structure was measured by the 
Heyn intercept method [I541 and enough numbers of grains were measured so that the 
results were within the 95 percent confidence Limits in all cases. 
In order to select aging treatments for obtaining carbide-fiee grain boundaries in 
specimens with different grain sizes, a series of carbide precipitation kinetics experiments 
were performed. The M& grain boundary carbide precipitation kinetics studies were 
conducted on two separate batches of specimens subjected to two different solution 
treatment conditions. In one batch, the sohtion treatment was carried out at 1135°C for 4 
hours followed by air cooling (AC) and, in the other, a solution treatment of 1250°C for 2 
hours followed by water cooling (WC) was employed The two solution treatment 
conditions produced significantly different grain sizes. The aging experiments were 
Udirnet is a registered d e m a r k  of Special Mecals Inc.. 
conducted on cube-shaped specimens, 5 mm x 5 mm x 5 mm, in a radiation type electric 
furnace. AU specimens were polished and immersion etched following standard 
metallographic procedures. The etchant employed was 3 parts glycerol, 2-3 parts HCI and 1 
part HNo3. At room temperature, M23C6 grain boundary carbides, if present, were revealed 
after etching for about 60-90 seconds. This rapid method of gauging the presence or 
absence of grain boundary M23C6 carbides was initially calibrated against scanning electron 
microscopy (SEM) observations, using energy dispersive X-ray (EDX) microanalysis, and 
transmission electron microscopy (TEM) replica observations. After etching for 90-120 
seconds, the y' phase was also easily revealed. First stage carbon replicas from the 
metallographic specimens were examined in a EM-2000FX transmission electron 
microscope. Carbides were identified by SEM or TEM using EDX analysis and by TEM 
using the electron dBkction method. Vickers microhardness measurements at a load of 
0.98N or 100 gram-force were also performed on metallographically polished surfaces 
which had been cut slowly with a diamond-coated saw. 
Specimens solution treated at 1250°C for 2 hours were employed to determine the 
secondary MC carbide precipitation temperature range. Metallography and SEM 
obsemations with EDX microanalyses were employed to identify the carbides. 
TEM specimens were electro-polished in a 5%HCI03 methanol solution at 
temperatures ranging between -60 and -70°C at a voltage of 30 to 40 mV. 
3.3 Heat Treatment Procedures 
The heat treatments were designed on the basis of the results obtained from 
p r e l i m  heat treatments studies performed on Udimet 520 materials, to obtain 
different grain sizes while precipitating certain amounts of y' phase within the grain 
interiors but without precipitating any grain boundary carbides. The heat treatments 
employed for different specimen batches included solution treating at (i) 11 10°C, (ii) 
1 13S°C, (iii) 1 190°C, (iv) 1200°C and (v) 1250°C which was followed by the same two 
step aging treatment in all cases. The actual heat treatment conditions employed are 
listed below, 
+ ~ O O ' C ,  2 0 m i n ,  A C  + 6 0 0 ° c ,  9 2 h ,  A C .  
TEM thin film samples were prepared to measure y' volume fhctions and to observe 
grain boundary morphology. Approximate y' volume fractions (Vf) were determined on 
the basis of enlarged areas fiaction measurements on TEM micrographs. 
3.4 Hardness Testing 
The load employed for the Vickers microhardness was 0.98 N. The specimens 
were cut by diamond saw slowly and the hardness testings were performed on 
metallographic surfaces. 
3.5 CCGR Testing 
Compact tension (CT) specimens with dimensions shown in Figure 3.1 (a) were 
machined from the heat treated plates. This CT specimen is a standard AGARD" 
specimen geometry with a width (W) of 26 mm and thickness (B) of 13 mm. 
Fatigue precracking prior to actual CCGR testing provides a sharp crack for 
hcture mechanics testing purposes. The CT specimens were fatigue precracked in an 
MTS 810 material test system at room temperature up to a crack length to width ratio 
(alW) of approximately 0.35. The load shedding method was employed during fatigue 
precracking in order to shorten the test time. The load change was smaller than 20% of 
maximum load (P,) based on the recommendation contained in ASTM E647 [MI. 
The final maximum stress intensity during precracking is significantly lower (< 25%) 
than the initial stress intensity for creep crack growth testing. 
The CCG tests were conducted in an ATS (Applied Test Systems, Inc.) standard 
creep machine with deadweight loading and automatic lever balance in load control. All 
the tests except one were conducted at a constant load of 23.1 KN (initial stress intensity 
factor of about 71 M P ~ ' "  ). The £kt CCG test performed, which was on an 1135°C 
solution treated specimen, was loaded using a multiple-step load increase procedure with 
at least 48h between each load increase. This test was finally conducted at an initial 
stress intensity factor (K) of 79.2 i am'". The CCGRs obtained from this first CCG 
test showed the same rates as those obtained from the CCG test at an initial K of 71 
M P ~ ?  This trend suggests that the use of K is appropriate to quantify the crack 
propagation results in the present tests, even though plane strain conditions are not 
strictly met. It should also be keep in mind that the crack propagation results obtained on 
different specimens serve particular for comparative purposes. 
Constant load CCG tests were also conducted in 99.9 pct ultra-high-purity (UHP) 
argon environment. A retort was used in the argon tests on an MTS 8 10 testing h m e .  
Argon tests were conducted at an over pressure of 0.006894 MPa (1 p.s.i.) in order to 
ensure no back streaming of air. The setup for CCG tests in argon is shown in Figure 3.2. 
Crack lengths during precracking and CCGR testing were monitored by a direct 
current P C )  potential drop (PD) technique implemented at the Institute for Aerospace 
Research (IAR), of the National Research Council of Canada (MZC) [156]. A constant 
DC current of 10 A was supplied to the CT specimens using a stabilized power supply 
and 1.15 mrn (0.045 in.) diameter type 302 stainless steel current leads. Wires were 
welded directly to the specimens. The potential change was monitored with 0.5 mrn 
- - 
" Advisory Group for Aerospace Research & Development, North Atlantic Treaty Organization. 
(0.02 in.) diameter stainless steel lead wires spot welded to the opposite comers of the CT 
specimens, as shown in Figure 3.1 (b). Potential drop data acquisition system was 
computer-controlled using a QB language program in a personal computer system written 
during the course of this research program. The precision of the crack length increment 
determined by this DC-PD system is 0.08 mm. The other specifications of the DC-PD 
technique used can be found in an NRC technical report by Pishva, Bellinger, Terada and 
Koul [157]. The schematic illustration of DC-PD setup is shown in Figure 3.3. The 
calibration equation for crack length as a function of change in normalized voltage ratio 
was the same as that developed for the standard AGARD CT specimens 11581, which is 
given by, 
where a is the crack length, W is the width of the CT specimen (26 mrn), and P is the 
normalized voltage ratio. 
The test temperature was chosen to be 540°C (close to 1 OOO°F). This temperature 
is significantly lower than the fmal aging temperature of 600°C and was chosen to 
suppress material overaging and grain boundary carbide precipitation during testing. As 
well, a number of creep and CCG tests have been performed at this temperature on other 
Ni-base alloys [e.g. 931. It has been reported that crack growth rates under static loads at 
538OC was a critical property for optimizing low expansion superalloys for commercial 
usage [159]. Specimens were heated to the test temperature and homogenized for 2 hours 
before applying the dead weight load. 
The potential drop data were processed using Excel software in an external 
computer system to generate the crack length vs time curves and to calculate the stress 
intensity factors. The stress intensity factors were calculated as  follows (ASTM E 647): 
Creep crack growth rate was then determined from the crack length vs time 
relationship obtained £iom the DC-PD measurements. The secant method [I601 was used 
to calculate the crack growth rate (dddt) with the minimum crack extension between 
successive data points being 2 0.08 mm. Sudden jumps in the DC-PD reading were 
caused by environmental disturbance near the recording systems, such as electric welding 
in the lab or movement of the setup of the DC-PD equipment. These jumps were not 
considered in CCGR calculations. 
Fracture surfaces were examined in a SEM. Microstmctures before and after the 
creep crack growth tests were also examined using thin film specimens in a E M .  
3.6 Tensile and Creep Testing 
The dimensions of tensile and creep specimens are shown in Figure 3.4. All 
specimens were ground longitudinally using 600 grit silicon carbide paper and then 
polished with 600 grit soft microcut paper sheets (Buehler corporation products). 
The tensile specimens were threaded into MAR-M-246 grips. Tne high 
temperature tensile tests were performed at an engineering strain rate of 1 . 6 7 ~  1 o-' s-I to a 
total strain value of 2% using an MTS 8 10 test frame with a 100 KN load cell. An MTS 
series 632.61C.04 high temperature extensometer with a gage length of 21 mm was 
employed to obtain engineering strain-load curves. 
The creep specimens were threaded into MAR-M-246 grips. Creep tests were 
conducted in an ATS dead weight lever-type creep frame. The specimens were heated 
to 540°C and homogenized for 2 hours before creep loading. Most tests were carried out 
in an air environment. In order to observe the effect of oxidation on creep, one creep test 
was also conducted in vacuum and some tests were also carried out in a "flowing argon'' 
environment. In the flowing argon tests, a creep specimen size cubic chamber was made 
by fiberfkax around the creep specimen in the ATS split type resistance high temperature 
furnace where other parts of the furnace employed for the creep tests were filled with the 
fibe&ax to reduce the space in the furnace chamber as much as possible. The argon was 
directly tubed to the fiberfi-ax chamber. This "flowing argon" environment was actually 
an argon plus air environment. 
A stereo-microscope was also used for obsewing the specimen surfaces before 
and after testing. Fractographic observations and the observations of the specimen 
surfaces after testing were studied using a SEM. Longitudinal cross-sections after testing 
were observed metallographically. 
4. RESULTS 
This section presents the experimental results of the testing program. First the 
results of the microstructural investigation on Udimet 520 are presented. This is followed 
sequentially by the results on CCG tests, tensile and creep tests. 
4.1 Grain Growth, Carbide Precipitation and y' Precipitation in Udimet 520 
In this study, different solution treatments and aging treatments were employed to 
investigate grain growth behavior and carbide precipitation in Udimet 520. This subsection 
presents results on the grain growth behavior, the MUC6 grain boundary carbide 
precipitation kinetics, the morphologies of such carbides, related microstruchu?tl changes, 
the secondary MC carbide precipitation behavior and y' precipitation in Udimet 520. 
4.1.1 Influence of Solution Treatment on Grain Size and on Carbide Precipitation 
Figure 4.1 shows the as-received microstructure of the forged alloy. A necklace- 
type microstructure, consisting of small grains approximately 12 pm in diameter amongst 
arrays of larger grains approximately 82 pm in diameter, was observed. Primary MC 
carbides were present as massive grey particles and some carbonitrides with an 
approximately cubic morphology were also present. 
The grain sizes (in terms of mean linear intercept length) after solution treatment 
are shown in Table 4.1. Other microstructural details before and after the two step aging 
treatment will be discussed in the subsection 4.1.5 
Table 4.1 Microstructural details and microhardness results fiom different heat treatments 
M e r  solution treatments at temperatures of 1 050°C and 1 090°C for four hours, the 
necklace microstructure still remained, (see Figure 42), and the average grain size values 
were therefore not employed for comparison. The necklace mcture  of the forged material 
began to disappear at 1 1 10°C. This suggests that the change starts near 1 100°C with the 
dissolution of grain boundary MUC6 carbides which is discussed in detail in subsection 
4.1.2. The grain size is heterogeneous even after solution treatment at 1 2S0°C for two hours 
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1135OC, 1185OC and 1235OC solution treatments on the mean intercept lengths of the grain 
structures is shown in Figure 4.3. The effect of the solution temperahlre on the mean 
intercept length of the grain structure is shown in Figure 4.4. At a given solution 
temperature, the mean intercept length increases with solution time in a slow, but 
approximately linear, manner (Fig. 4.3), while for a given solution time the mean intercept 
length increases with solution temperature in the manner shown in Fig. 4.4. The solution 
temperature has a more important effect on the grain size of Udimet 520 alloy than the 
solution time. The grain coarsening behavior, for a solution time of two hours of the 
Udimet 520 investigated is also indicated in Figure 4.4. The grain size increases rapidly at 
1 190°C compared with the grain size obtained after a solution treatment below 1 190°C. 
The grain size again increases slowly in the temperature range of 1 190-1 23 S°C, until 
another phase of rapid grain growth occurs above 123S°C. This indicates that two grain 
coarsening temperatures (GCT) for Udimet 520 can be defined as 1 190°C and 1250°C. The 
lower of these two temperatures is actually higher than the coarsening temperature of 
1 1 50°C reported for Udimet 500 [16 11. The rapid increase in grain size at 1 1 90°C appears 
to be associated with the solvus temperature of the MC carbides in Udimet 520, which is 
close to 1190°C (this is M e r  discussed in subsection 4.1.4). The rapid grain growth at 
1250°C is associated with the dissolution of carbonitrides. Carbon in the as-received alloy 
is tied up in large chunky MC carbides and cubic carbonitrides, with the remaining carbon 
in solution. It is observed that MC carbides in the matrix become less numerous when the 
solution temperature is higher and the solution time is longer. ARer solutionizing at 
1 13 S°C for 4 hours, most MC carbides are about 4-1 0 pm in width, while after solutionking 
at 11 90°C for 2 hours, most MC carbides are below 5 prn in width. These results indicate 
that the grain coarsening behavior of Udimet 520 is controlled by MC carbide dissolution. 
The grain growth kinetics at 1 1 90°C and 1 XO°C indicate that sigdicant MC carbides 
dissolution begins at 1 1 90°C, with important M ( C N  dissolution occurring above 1250°C. 
Grain size has an indirect effect on MuC6 carbide precipitation. The larger the grain 
size, the smaller is the grain boundary area available for precipitate formation. A given 
volume of precipitates will therefore form a thicker and more continuous film as the grain 
size increases or even form intragranular carbides. Figure 4.5 shows the microstructure of 
the specimen after 1090°C solution and the normal two-stage aging treatments. Significant 
grain growth was not observed during solution treatment at 1090°C for four hours. The 
neckIace structure remained present Annealing twins were observed in the specimen but no 
M2& precipitate was observed in the grains. Figure 4.6 shows the microstructure of the 
specimen after 1235OC solution and the normal two-stage aging treatments. In this higher 
temperature solution condition, the grain size is larger than that after the 1090°C solution 
treatment. No annealing twins were observed but MuC6 precipitates were present both at 
grain boundaries and within grains. The star-shape precipitates within grains are 
considered to be Macs carbides since they are rich in Cr. Such a grain size effect on MZC6 
carbides has also been reported in Udimet 500 [162]. 
4.12 Grain Boundary M& Carbide Precipitation Kinetics 
A Vickers microhardness of 385 and a mean grain boundary intercept length of 106 
* 4 p were obtained after solution treatment of four hours at 1 1 3S°C followed by air- 
cooling. A Vickers microhardness of 365 and a mean grain boundary intercept length of 
464 * 10 pm was obtained after solution treatment of two hours at 1250°C followed by 
waterquenching, to avoid possible carbide precipitation during coohg. The microhardness 
difference between the waterquenched and air-cooled solution treated specimens indicates 
that some y' phase is nucleated and precipitated during air cooling. This was confirmed by 
TEM replica observations. As seen in Figure 4.7, spherical y' phase and no grain boundary 
carbides were observed after solutioning at 1 13S°C for four hours and air cooling. 
Energy dispersive X-ray microanalyses of the grain boundary carbides formed 
during aging at temperatures in the range from 600 to 1 050°C showed that chromium was a 
major component and a sigdicant amount of molybdenum was also present (Figure 4.8). 
This agrees with the typical chemical composition expected for Mac6. Figure 4.9 (a) 
shows a micrograph of a first-stage replica of a specimen aged at 1050°C for 15 minutes and 
water-quenched following a solution treatment of four hours at 1 13S°C. Figure 4.9 (b) 
shows the difhction pattern and index fkom a grain boundary carbide in Figure 4.9 (a). The 
lattice parameter (a) calculated from the d ihct ion  pattern is 1.07 nrn, which agrees well 
with that of CruC6 (a = 1 .O6S99 m). These results indicate that the grain boundary 
carbides precipitated at 600-105O0C were MuC6 carbides. 
The TIT diagram (Csurve) established by metallogaphy, for the start of the 
formation of grain boundary M&6 carbides is shown in Figure 4.10. These carbides form 
very quickly in the temperature range 760°C - 105O0C. Their precipitation kinetics after the 
1250°C solution treatment are more rapid than after the 1135°C solution treatment, in 
agreement with the higher dissolved carbon content available for precipitation after the 
former treatment This difference in precipitation kinetics is more pronounced at higher 
aging temperatures. 
At 1 100°C, the grain boundary MUC6 carbides dissolved because specimens 
origmally with such carbides showed no MUC6 carbides after annealing for 2 hours at 
1 1 00°C. However, at l 1 OO°C the specimens solution treated at 1 250°C reprecipitated 
discrete MC carbides along grain boundaries as well as within the grains as shown in Figure 
4.1 1. These were identified to be MC carbides because of the large amount of titanium 
and/or molybdenum present. It was easy to distinguish primary MC and carbonitrides from 
the secondary precipitated MC carbides. The large primary MC carbides and carbonitrides 
were often aligned along the forming direction and were generally blocky and cubic in 
shape, while the secondary precipitated MC carbides were small and spherical in shape. 
Such secondary MC precipitation was not observed after annealing at 1 1 OO°C for two hours 
in specimens solution treated at 1135°C. These results indicate that &C6 carbide 
precipitation dominates at temperatures below 1 100°C while MC carbide precipitation may 
occur at temperatures, approximately equal to or greater than 1 10O0C, if there is enough 
h e  carbon in solution in the matrix. 
Macs carbide precipitation occurs first at the grain boundaries and then within the 
grains when sufficiently large amounts of M U C  are precipitated during aging. Figure 4.12 
shows the microstructure of a specimen aged for 30 minutes at 850°C after a 1250°C 
solution treatment Such intragranular MU& carbides were not observed in specimens 
solution-treated at 1135°C- These obsewations suggested that microstructures resulting 
from low solution temperature treatments contain a lower amount of k e  carbon in the 
matrix and more grain boundaries (i.e., smaller grain size) for MzCs precipitation as 
compared to conditions foilo wing high solution temperature treatments. Intragranular 
MUC6 appeared along certain crystallographic planes as shown in Fig. 4.1 2. Needle-like 
intragranular M& carbides have been reported in Ni-Fe-Cr alloys 11631, nickel-base 
superalloys [164, 1651 and other nickel alloys [166] and have a cube-cube orientation 
relationship with the matrix [ 1 63- 1 661. 
4.13 The Morphology of G& Boundary MuC6 Carbides 
A variety of grain boundary carbide morphologies was observed after the different 
aging treatments. The nucleation and growth of grain boundary carbides occur as a function 
of time and temperature. Figures 4.13-4.15 provide some examples of grain boundary 
M& carbides observed in replicas. In 9OO0C temperature range, high aging temperatures 
produced fewer carbide nucleation sites, and carbides then spread quickly along the grain 
boundaries and even overlapped each other to form continuous grain boundary carbide 
networks after long aging times. Semi-continuous grain boundary carbide networks formed 
at shorter aging times, with the width of the carbides perpendicular to the grain boundary 
being narrow- Figure 4.13 shows replica micrographs of specimens aged at 900°C for 40 
xnin, 24h, 48h and 90h after an 1 13S°C solution treatment. The grain boundary carbides 
grow very quickly at many sites after their formation (Figure 4.13a) and aging for long time 
at 900°C produces a nearly continuous carbide film in the grain boundary. The width of the 
grain boundary carbides is approximately 0.2-0.5 p, with the growth in width occurring 
slowly with time. 
Aging at temperatures below 850°C produced more numerous grain boundary 
carbide nucleation sites, as obsenred from the close spacing of discrete carbide particles 
(Figs. 4.14 and 4.15). Figure 4.14 shows a replica micrograph of a specimen aged at 700°C 
for 100 hours after an 1 135°C solution treatment- In Figure 4.14, discrete grain boundary 
carbides have a size of 0.2-0.35 pm and an approximate spacing of 0.1 p. TEM 
observations of the specimen solution-treated at 1135OC for 4 h and air cooled and then 
given the standard two-stage aging treatment indicated that the grain boundary MuCs 
precipitates had sizes ranging between 0.2 and 0.4 p and were almost in contact with each 
other (Figure 4.15). The y' precipitates were 0.05-0.08 p in diameter. The Vickers 
microhardness of the matrix was 454. 
The carbide morphology varied even within the same specimen, which indicates 
heterogeneous grain boundary precipitation. Grain boundary MUC6 carbides with a feather- 
like shape are shown in Figure 4.1 6 and were observed in localized small regions. Such a 
carbide shape, which develops on one side of the grain boundary, has been reported during 
precipitation in other nickel alloys [I671 and nickel-based superalloys [168]. The growth of 
these precipitates in one direction indicates that this growth occurs during grain boundary 
migration [ 1 691. 
4.1.4 Secondary MC Carbide Precipitation and MC Carbide Sobus Temperature 
The EDX analyses of MC type carbides in as-polished specimens indicated that 
three types of MC carbides Tic, (Ti, MojC and (Ti, Mo, W)C were present. Moa of the 
MC carbides conformed to Tic and (Ti, Mo)C compositions. This microanalyses also 
indicated that dissolution of MC carbide would increase the solute C and Ti contents of the 
matrix. 
As mentioned previously, grain boundary MuCs carbides dissolved at 1 1 OO°C. 
However, at 1 1 OO°C the specimens solution-treated at 1 250°C precipitated discrete MC 
carbides at grain boundaries as well as within the gmins (see Fig. 4.1 1). The secondary MC 
carbide precipitation occurs very rapidly at 1 100°C, and was observed for specimens aged 
10 minutes or longer. Grain boundary and intragranular MC precipitates were also 
observed in a specimen annealed at 1 150°C for 2 hours, but only grain boundary MC 
precipitates (Figure 4.17) were observed in the specimen annealed at 1 1 77°C for 2 hours. 
In a specimen annealed at 1190°C for 2 hours, this type of MC precipitates was not 
observed. These results indicate that secondary MC carbide precipitation occurred in the 
temperature range between 1 100°C and 1 177°C. Secondary MC precipitation did not occur 
at 1 1 90°C, suggesting that MC carbides dissolve at this temperature. 
Secondary MC precipitation was not observed after annealing at 1 100°C for 2 hours 
in the specimens solution treated at a temperature of 1 1 85°C or less. The specimens 
annealed at 1 100°C for 2 hours after solution treatment at 1 190 to 12 10°C, however, 
showed secondary MC precipitation along grain boundaries. These observations show that 
secondary MC precipitation occurs in the temperature range of 1100 to 1177OC if the 
specimens were solution treated at temperatures above 1 1 90°C, so as to have enough solute 
C in the matrix. The fact that a specimen solution treated at 1185°C for 2 hours did not 
undergo secondary MC precipitation at 1 100°C indicates that MC carbide solvus 
temperature is probably between 1 185 and 1 190°C. 
The m a x  Vickers microhardness vs solution temperature relationship for water- 
quenched specimens is shown in Figure 4.18. The matrix Vickers microhardness of the 
specimen after solutionizing at 1 190°C for 2 hours and waterquenched was about 300 while 
that after solutionking at 1185°C for 2 hours and water-quenching was about 260. 
Although the microhardness difference between specimens solution treated at 1 190°C and at 
1235°C and waterquenched was small, a more obvious difference in microhardness 
resulted between solution treatments at 1235°C and at 1250°C. The shape of the curve of 
matrix Vickers microhardness after quenching versus the solution temperature (Fig. 4.1 8) is 
similar to that of the grain size versus the solution temperature (Fig. 4.4). This suggests that 
the shape of Fig. 4.5 is largely associated with an increase in hardness due to increasing the 
solute content associated with dissolving the MC carbides and carbonitrides. This result 
suggests that there is much more carbonitride dissolution at 1250°C than at 1235°C. It is 
noted that the Vickers microhardness of a specimen solution treated at 1250°C for 4 hours 
and waterquenched was only slightly higher than that of the specimen solution-treated for 2 
hours. These microhardness differences appear to be attributable to the difference in the C, 
N and Ti solute contents in the matrix since the higher the solution temperature, the more C, 
N and Ti solute are present in the matrix. The results also indicate that the MC solvus 
temperature in the Udimet 520 investigated was close to 1 190°C and that the carbonitrides 
dissole between 1 235- 1250°C. 
Additional microhardness measurements made on the water-quenched specimens 
approximately 5 months after the origmal measurements indicated that the microhardness 
values of all specimens had decreased by 10-15 Vickers below the values originally 
measured, but that the shape of the microhardness curve remained the same. These results 
indicate that the shape of the curve obtained was not the result of hardening due to excess 
vacancies being quenched in. 
4.1.5 Gamma Prime Precipitation 
Figure 4.19 showed an example of a TEM micrograph of a specimen solution 
treated at 1 1 3 5°C for 4 hours followed by the two step aging treatment. No grain 
boundary carbides were visible and the grain boundary ledge height was also very small 
and not visible. The y' diameters (df ), the microhardness after solution treatment (ST) 
and subsequent aging and the net microhardness increase after the aging treatments (AH) 
are summarized in Table 4.1. The main difference between specimens subjected to 
different heat treatments is the grain sizes which vary between 100 and 464 pm, whereas 
the y' volume hctions are similar in ail cases. The net increase in microhardness is 
relatively similar in most cases, but the overall hardness appears to vary from one batch 
of specimens to another in a complex manner. 
It is interesting to note that microhardness measurements showed little increase with 
aging time before grain boundary carbide formation AAer grain boundary carbide 
formation, there was a substantial increase (often going above 400 Hv) in the microhardness 
of the matrix, far fiom the grain boundaries. For aging at 600°C, there is little increase in 
the microhardness in the approximately first 200 hours of aging and then a substantial 
increase in the next 15-20 hours. This indicates that the y' phase precipitation resulting in 
high microhardness occurred somewhat after the formation of the grain boundary carbides, 
although the two should not be related. Small increases in microhardness near grain 
boundary carbides were generally noted. These results indicated that the grain boundmy 
carbides tended to form before substantial formaton of the y', at least for aging temperatures 
above 600°C. 
4.2 The Effect of Grain Size on Creep Crack Growth in Udimet 520 
4.2.1 Creep Crnck Growth Rate 
A typical example of the creep crack length vs time curve obtained during a CCG 
test is shown in Figure 4.20. The creep crack length increments in most cases were about 
5 to 7 mm before fast fracture commenced. The incubation time ti in Table 4.2 (air) and 
Table 4.2 (argon) are defined as the period necessary to detect creep crack growth over a 
distance of 500 p (larger than the largest grain size employed in this study) in precracked 
specimens. The total rupture times to fracture the CT specimens t and the critical intensity 
factors (&,, ) at which fast htures commenced during the CCG tests are also listed in 
Table 4.2 and Tabfe 4.3. 
The CCGR vs stress intensity factor relations for different grain size materials 
tested in air are illustrated in Figure 4.21. The CCGRs do not vary dramatically with 
grain size except that the two small grain size materials solution treated at 11 10°C and 
1135OC showed lower CCGRs than other three larger grain size materials by a factor of 




( P I  
Table 4.3 Parametric results obtained fiom different CCG tests in argon on U-520 
material at 540°C 






about 2.5. In these two small grain size materials, CCGRs increased slowly with 
increasing K at the beginning of the tests and this was followed by a faster crack growth 
regime in the material solution treated at 1135°C. The steady state creep crack growth 
regimes in all cases were found to follow an approximately straight line relationship on a 
log-log scale, although in materials solution treated at 1 1 10°C and 1 135OC, there 
appeared to be two such regions corresponding to slow and fast crack growth region, Fig. 
4.21. The materials with grain sizes of 235-464 p showed a very narrow slow crack 
growth regime but a wide faster crack growth regime with a slope of 4-6.42. In all cases, 
the slope rn is shown in Table 4.2. The initial stress intensity factor employed was 70-72 
MPamlR and when K approached 113 ~ ~ a r n ' ~  (or higher), the fast fracture mode 
commenced. The CCGRs are of the order of - lo1 mmh. The CCG experimental 
data were reproducible although the plots in Fig. 4.21 only show a single test result for 
each grain size material. 
Figure 4.22 shows the CCGR vs K relationship for the specimens solution treated 
at 1 135OC in different test environments. Figure 4.23 shows the CCGR vs K relation of 
the specimens solution treated at 1 135°C and 1200°C in argon. The CCGRs in argon are 
lower than those in air and the CCGRs are closer to each other in argon than in air. 
4.2.2 Fracture Surface 0 bservations 
Fractography and metallography of cross-sections are the usual two methods 
employed to study the hc ture  mode during CCG. The macroscopic features of the fixture 
surface include the sMace flatness, the extent of crack tip curvature and the surface color. 
The microscopic features of the fkcture surface include the hcture path, the presence of 
creep cavities and the presence of crack tip branching. The distribution of cavities ahead of 
the creep crack tip or ahead of intergranular facets and the formation of oxidation layer 
provide important information on operative hcture and deformation mechanisms during 
CCG. Evidence for these phenomena can also be observed on metallographic cross 
sections. 
Macroscopic observations showed that creep crack tips followed the tip of the 
fatigue precrack and that the fracture surface was not flat. There were three distinct 
h c h u e  regions visible: fatigue precracked region, slow creep crack growth region and 
fast fracture region. Figure 4.24 shows the micrograph of the interface of fatigue 
precracking and creep crack growth region. The transition from the transgranular 
fracture in the precracking fatigue region to intergranular cracking in the creep crack 
growth region is clearly observable. 
Typical fractographic features observed by scanning electron microscopy in slow 
CCG regions in different grain size specimens are presented in Figures 4.25-4.27. In 
these figures, the macroscopic direction of crack growth is always from right to left. 
Clean grain boundaries and secondary cracks are the main features in the slow creep 
crack growth regions in all cases (Figs. 4.25 a, 4.26 a and 4.27 a). The grain boundary 
separation as a result of crack tip branching is more abundant in small grain size 
specimens than in large grain size specimens (Fig. 4.25 b, 4.26 b and 4.27 b). A very 
small fiaction of localized transgranular fracture was also observed in specimens solution 
treated at 1 1 1 0°C and 1 135°C (Fig. 4.25 b), with the area hction of local transgranular 
hcture increasing with an increase in grain size. No cavities were observed on grain 
boundary facets at high magnifications (Fig. 4.26 c). Some sparse imperfections 
appeared placed at some grain boundaries (Fig. 4.25 a). The EDX analysis showed that 
these sparsely distributed particles at the grain boundaries were rich in Ti and Mo, which 
indicates that they were MC type carbides. It was noted that these MC particles were 
much less abundant on fixture surfaces of specimen solution treated at 1200°C and 
1250°C than on specimens solution treated at 11 10°C and 1135OC. In some regions, 
hcture features strongly suggested that crack arrest lines were observed on the grain 
boundary facets of all fkcture surfaces, (e-g., Fig. 4.26 b). 
Figure 4.28 shows typical fkictographic features at the interface between the CCG 
and the fast fiacture regions. The fast hcture regions showed ductile fracture features. 
Figure 4.29 illustrates details of the fracture features in the fast hcture region. 
The hctographic features of CCG in argon are similar to those observed in air. 
Figure 4.30 shows the typical hctographic features of CCG in argon. Local crack-arrest 
lines were again observed. 
4.2.3 Metallographic Observations 
Figure 4.3 1 shows an optical micrograph of the cross-section of a CCG specimen 
which had been solution treated at 1 13S°C. Some deep secondary cracks are clearly 
discernible, but no signs of creep cavitation were visible in the vicinity of the creep 
hcture surfaces. The intergranular secondary cracks are 2-5 grains deep relative to the 
fhcture surface. Figure 4.32 depicts the profile of the crack tip region of an interrupted 
CCG specimen which had been solution treated at 1200°C. The creep crack is clearly 
seen to propagate along the grain boundaries which are lightly oxidized. Grain boundary 
cracks at triple point junctions are always branched although the main crack fmally 
follows only one of these crack branches. The intergranular microcracks are observed to 
form at triple-point junctions along the macroscopic crack path. No crack was observed 
toc far away from the main crack. 
4.3 The Effect of Grain Size on Tensile and Creep Properties 
43.1 Tensile Properties 
Table 4.4 Lists the tensile properties of Udimet 520 solution treated at 1 1 10°C, 
1 1 90°C, 1 XO°C and after the "standard" treatment [I 701, where 6 is the total elongation 
and y is the reduction in area. It is expected that the specimens in this study would 
produce lower strengths and higher elongations than the standard treatment, because the 
former three treatments do not provide sufficient aging. All the tensile elongations were 
over 20%. Figure 4.33 shows the tensile strength vs grain size relationship in this test 
program- 
Table 4.4 Tensile properties of Udimet 520 after different treatments 
Gauge length for elongation measurement in this test: 6.354 






Figure 4.34 shows the primary portions of the engineering strain-load curves of 
the specimens solution treated at 1 1 10°C and 1 190°C and tensile tested at 540°C. The 
stress increased continuously in the strain-load curve until serrations occurred. The 
serrations started at approximately 1.1% engineering strain in the specimen solution 
treated at 1 1 10°C and 0.7% in the specimen solution treated at 1 190°C. The serrations 
occurred by the stress slowly dropping and then rapidly rising, and the serrations can be 
characterized as successive oscillations of stress in the load-strain curve. The serration 
features such as the length, height and time interval for one serration are shown in Table 
Mean intercept length 
(P) 
100 f 8 
235 f 7 
464 * 10 
N.A." 























4.5, with these corresponding to measurements made below 1.8% strain. The height of 
the individual serration is also termed as the stress decrement (ob) [17 11. The serrations 
in the 11 10°C treated specimen, which has a relatively small grain size, have a large 
stress decrement as well as wavelength. The serration features of the specimens solution 
treated at 1200°C and 1250°C are similar. 
Table 4.5 Features of tensile serrations at 540°C for different heatment treatments 





The external surfaces of the tensile specimens tested at 540°C appear 
macroscopically wavy. Intergranular surface cracks were clearly observed in 
stereographic optical microscopic examinations, since the grains were tainted slightly 
differently from each other during the tests. Figure 4.35 shows the surface intergranular 
cracks and some transgranular cracks (Fig. 4.35 c) observed by SEM (with the tensile 
stress axis being the vertical direction). One side of the surface grain boundary cracks 
often offset out of the specimen surface, which makes this side appear bright during SEM 
observations. Grain distortion was also observed in the specimen surfaces. The degree 
of this grain distortion increased as the grain size increased. The grain boundaries on the 




















surfaces had a "MI-and-valley" morphology, especially in the largest grain size 
specimens (Fig. 4.35 c). This indicated that important surface grain boundary sliding 
occurred during the tests. The grain boundary cracks were observed in "valleys" where 
stress concentration occurred. Surface microcracks that did not occur along grain 
boundaries were generally observed close to the tensile fracture surface as shown in 
Figure 4.36. Such surface transgranular cracks were not observed far from the fracture 
surface, where the mainly intergranular cracks were always present. 
43.3 Creep-Rupture Properties 
Figure 4.37 shows a typical creep strain vs time curve for the Udimet 520 material 
solution treated at 1 1 3S°C and aged following the two-step aging treatment generally 
employed in this study. The specimens solution treated at other temperatures showed 
similar curves as in Fig. 4.37. The transient (primary plus secondary) creep strain is very 
small. The instant strain upon creep loading is higher in the creep specimen tested in 
flowing argon than that in air. The rupture Life and testing details are listed in Table 4.6. 
Small grain size material had longer rupture lives than larger grain size material for the same 
creep conditions (see creep lives of specimens solution treated at 1135"C, 1 190°C and 
1200°C). Since the stress level of 815 MPa is close to the tensile strength of the material 
Table 4.6 Creeprupture results on Udimet 520 at 540°C 
Solution Mean intercept Stress sdace ~ ~ v i r ~ ~ ~ ~ ~  Rupture time 
Temperature length level polishing 
m a >  
01) 
(PI 
1135 106 4 815 Yes Air 1 196.8 
Flow argon 76M16.1 
Vacuum 570 
I190 235 & 7 815 Yes Air 2 36 
1200 245 * 9 815 Yes Air 97.4 
1250 464* 10 730 No Air 61 
Yes Flow argon 32.6 
solution treated at 1 250°C, the maximurn creep stress employed was 730 MPa for this 
materid. The rupture lives in air were observed to be longer than those in flowing argon for 
the same grain size material. One creep test was conducted in vacuum and the rupture life 
and deformation features are similar to those tested in flowing argon. 
43.4 Creep Fractographic Observations 
The macro-fiactographic observations showed that two regions existed on the 
hcture surfaces: an intergranular region and a region of transgranular hcture. The 
fractured grain boundaries were tainted by the typical oxidation color observed in the 
slow creep crack growth regions in the CCG tests for Udimet 520 at 540°C. This color is 
very different from that of the fast fracture region. Figures 4.38 to 4.40 illustrate the 
fkacture sllrfaces of creep rupture specimens. The intergranular hcture initiated at the 
specimen surface and usually one of these intergranular cracks grew deeper than others. 
Fine grain size materials were noted to have larger intergranular hcture areas than coarse 
grain materials (Figs. 4.38 and 4.39). Microhctographic observations of fracture surfaces 
on creep specimens (rather than CCG specimens) tested in air are presented in Figures 
4.41 and 4.42. Figure 4.43 shows a fixture surface of a creep-ruptured specimen tested in 
flowing argon. Intergranular fracture initiated at the surface and fast tramgranular fracture 
was also observed in this relatively inert environment. The fractographic characterics tested 
in air and flow argon environment are similar, but the specimens tested in flowing argon 
revealed more surface grain boundary deformation characteristics than the creep 
specimens tested in air. These observations indicate that cavitation is not the mechanism 
for creep fracture in this material under the test conditions employed. 
4.3.5 Creep Specimen Surface Observations and Metallographie Cross-Section 
0 bsewations 
Intergranular surface cracks were observed clearly in a stereographic optical 
microscope since different grains became tainted by slightly different colors during the 
creep tests. The crack appeared along the grain boundaries perpendicular to the stress 
axis. Figures 4.44 and 4.45 show the specimen surfaces of creep ruptured specimens. The 
dimension of the stdace cracks increased with an increase in grain size. 
Metallographic observations on longitudinal cross-sectioned creep specimens 
showed that there are only micro-cracks at the specimen surface, as shown in Figure 4.46. 
No voids or microcracks within the specimen employed were evident, and oxide 
penetration along microcracks was also observed. Figure 4.47 shows the profile of 
hcture surface of the creep specimen solution treated at 1 190°C. The portions of the 
hcture surface other than the intergranular fracture region exhibited the features of 
typical over-load shear fracture. 
5. DISCUSSION 
This section first presents a short introduction and a schematic summary of the heat 
treatment versus time-temperature-microstructure relationships in Udimet 520. The effect 
of g a b  size on CCG behavior is then discussed. An intergranular crack growth model 
based on grain boundary sliding (GBS) is developed which is a modification of an earlier 
model proposed by W u  and Koul [139]. The model agrees with the observations that 
intergranular cracking is observed in most CCG tests in superalloys. The model which 
uses the the stress intensity factor K as the mechanical driving force takes into account 
the influence of grain size, grain boundary precipitates, grain boundary morphology and 
environment on the CCGRs. A brief discussion of the effects of grain size on tensile and 
creep properties in Udimet 520 is also presented. 
5.1 Grain Growth, Carbide and y' Precipitation in Udimet 520 
Microstructural features in superalloys, such as the grain size and the precipitate size 
and distribution, are controlled by closely adjusting the solution and aging treatment 
temperatures and times. Grain growth in low y' volume fraction forged alloys usually 
begins when the solution temperature is high enough to dissolve the primary carbides in the 
grain boundary regions. As the temperature approaches the MC carbide solvus temperature, 
a large amount of primary MC carbides dissolves and this is accompanied by rapid grain 
coarsening. The solution temperatm in most Ni-base superalloys is usually in the range of 
1 040-1230°C [172]. Solutioning, which controls the grain size, is generally followed by a 
series of aging heat treatments to control the precipitation of grain boundary carbides as well 
as inhagranular y' phase. The morphology of the grain boundary carbides is controlled by 
varying aging temperatures and times as well as the material grain size. The precipitation 
kinetics of both MuC6 and MC phases are mainly influenced by the chemical compositions 
and the microstructural state prior to aging [161]. The primary purpose for the 
microstructural investigation undertaken for the study was to select heat treatment 
conditions for varying the grain size without precipitating grain boundary carbides. 
The conventional heat treatment for wrought Udimet 520 alloy involves a three step 
treatment consisting of 1 12 1 OC/4h/AC, 843°C/24h/AC, 760°C/l 6h/AC, (where AC 
indicates air-cooling) [173, 1741. In some applications, a fourth stress relief step of 8h at 
8 16OC followed by air cooling may also be used [175]. After either heat treatment, Udimet 
520 microstructure is composed of a Ni-Cr-Co (y) rich matrix which is hardened by fine 
(approximately 0.1 pm size) Ni3 (AI,Ti), gamma prime (y') precipitates. Grain boundaries 
are strengthened by MuC6 carbides [173]. Stringer-like MC carbides may also be present 
within the grains. Little information has been published on the grain growth and grain 
boundary carbide precipitation kinetics in Udknet 520, although some work has been 
conducted on the effect of y' size and volume Man on strength [I 76-1 781, on the effect of 
long-term aging on the microstructure and properties (including strengths at room and 
elevated temperatures and thermal fatigue) and on the deleterious effects of topologicdy 
close-packed o phase [173, 1 75, 1 16, 1 791. 
Results gathered kom the m i c r o s t r u c ~  investigation have helped establish the 
phase reactions kinetics, especially for grain boundary MUC6 precipitation and related 
microstructural changes, including secondary MC carbide precipitation, in Udimet-520. 
The relationship of heat treatment verms time-temperature-microstructure in Udirnet 520 is 
summarized schematically in Figure 5.1. 
Two interesting features were observed while investigating the grain coarsening 
behavior. A grain coarsening temperature of 1190°C was identified as expected from MC 
carbide solvus temperature. However, another grain coarsening temperature was also 
observed at 1235-1250°C, which is related to the carbonitride solution temperature for the 
alloy. Another interesting aspect was that the microhardness increase followed the same 
trend as the grain growth curve with an increase in solution temperature. The 
microhardness differences appear to be attributed to differences in the free C, N and Ti 
solute contents in the matrix, which affect the degree of solid solution hardening of the 
alloy. 
As expected, there are two types of carbides in this alloy and these include MC 
carbides and primary as well as secondary MDC6 carbides. Below 1 100°C, MuC6 can 
precipitate both at the grain boundaries (GBs) and within the grain interiors given sufficient 
time at high enough temperature. Secondary MC can reprecipitate at and above 1 1 OO°C if 
enough C is available in the matrix as a result of primary MC dissolution. M2& dissolves 
at 1 100°C because specimens with these carbides showed no Mac6 after annealing at 
I f 00°C. 
Since grain boundary MnC6 is an important microstructural feature in Ni-base 
superalloys, a c t w e  for the start of such Mac6 carbide formation in Udimet 520 was 
determined. Material that was solution treated at higher temperature exhibited faster grain 
boundary carbide (GBC) precipitation kinetics. The reason for this is that at higher solution 
treatment temperatures, a greater amount of dissolved carbon is available in the matrix as a 
result of primary MC carbides dissolution. When the aging temperature was below 
850°C, discrete grain boundary carbides were often observed and above 850°C, semi- 
continuous or continuous grain boundary carbides formed. 
Two critical temperatures were noted for secondary MC precipitation, 1 100°C and 
1 1 90°C. Secondary precipitation occurred in the temperature range between 1 100°C and 
1 177°C if the specimen had been solution treated at temperatures above 1 1 90°C. However, 
at aging temperatures below 1 looOc, MUc6 carbide precipitate prefmntially at grain 
bomdaries and the secondary MC precipitation does not occur. If the annealing temperature 
is above 1 190°C, the MC carbides dissolve and this secondary MC precipitation does not 
form. This secondary MC precipitation behavior indicates that the MC carbide solws 
temperature is close to 1 190°C. 
The relationship between grain size, grain boundary carbide distribution, and 
morphology is quite complex in the alloy. The same aging treatment can produce different 
grain boundary carbide distributions in terms of their size and spacing and in some cases it 
can even produce intragranular carbides. The primary reason for this difference is the 
decreased grain boundary area available for precipitation in coarse-grained materials which 
vary as a hc t ion  of solution treatment temperatures as already discussed briefly in section 
4.1.1. A given volume of precipitates produced by an aging treatment wiil therefore form a 
thicker or more continuous film as grain size increases. As well, at a higher solution 
temperature, more MC carbides dissolve in the matrix, and more free carbon is available for 
Mac6 precipitation. 
Based on the observation made in the microstructural investigation, solution 
treatment temperatures of 1 1 10°C, 1 135"C, 1 190°C, 1200°C and 1250°C were selected to 
vary the grain sizes h m  about 100 p to 464 pm, i.e. by a factor of greater than 4.5. 
Furthermore? two step aging treatments were selected to ensure that enough y' precipitate 
phase formed during aging and the grain interiors were reasonably well strengthened. The 
volume hction of y' varied slighly, increaseing with increasing grain size as shown in Table 
4.1. In addition, materials with three different ranges (small, medium and large) were also 
produced, as planned, to contain no grain boundary carbides. This was important if one 
aimed to document the effect of grain size of CCG rate independently fiom the effect of 
grain bouncia.ry carbides, as discussed in the next section. 
5.2 The Effect of Grain Size on CCG Behavior in Udimet 520 
Several reasons exist for quantifying the effect of microstructure on the creep crack 
growth behavior of superalloys. First, the creep crack growth rate is a basic consideration in 
damage tolerance design for materials which operate at temperatures 2 0.25 Tit and 
developing quantitative microstnructural design relationships for complex alloys is essential. 
Secondly, it has been reported [84] that failure by creep crack growth (CCG) can occur at 
temperatures and stresses below those normally considered significant &om a creep design 
point of view. Several alloys such as Alloy 71 8 and cold-worked stainless steels show very 
poor resistance to creep crack growth [95] even though they possess good creep rupture 
strengths. Thirdly, since the fracture mode under CCG condition is essentially intergranular, 
the CCG tests provide a convenient way of quantifying the effects of grain size and grain 
boundary rnicrostruchu?il features on high temperature mechanical properties in complex 
alloys. 
In superalloys, the effect of grain size on CCGRs were studied without removing 
grain boundary precipitates [go, 11 8, 1801. This is why heat treatments were specifically 
designed to vary the grain size without precipitating grain boundary carbides in the present 
study. 
5.2.1 Initiation Stage of the Creep Crack Growth Process 
It was found that the initial stress intensity factors required to initiate the CCG 
process in precracked specimens within a reasonable period were quite high 
(approximately 7 1 MPa mIn) in all CCG tests. Test temperature is known to have a strong 
influence on crack initiation in CCG specimens. Ln the present case, the test temperature 
(540°C) was relatively low and a creep crack could be expected to initiate at a high initial K 
value. The initiation times (ti) in different grain size Udimet 520 for a stress intensity 
factor of 71 MPa mlR are given in Tables 4.2 and 4.3. The small grain size materials 
(100-106 p) had two to four times longer initiation Lives than the larger grain size 
materials (234-464 pm). 
5.22 Effect of Grain Sue on CCGR in the Absence of Grain Boundary Precipitates 
The experimental results (Figure 4.21) showed that the CCGR of the specimen 
solution-treated at 11 10°C (100 pm grain size) follows the approximately plot of creep 
crack growth rate vs K of that treated at 1135OC (106 pn grain size). A CCG test of the 
specimen solution-treated 1 1 10°C was interrupted by an early fast fracture. An important 
observation in Fig. 4.21 is that there is little difference in the CCGR vs K relations for 
the specimens solution treated at 1 1 90°C (235 p grain size), 1200°C (245 pn grain 
size) and 1250°C (464 pm grain size) despite a grain size variation by a factor of 2 
among the specimens. In addition, the CCGRs in the smaller grain size specimens, 
solution treated at 1 1 10°C and 1 135'C, are lower than those in larger grain size materials. 
It is noteworthy that the solution treatment temperatures of 1 1 90°C, 1200°C and 1 250°C 
lie above the MC carbide solvus temperature (1 190°C) of Udimet 520; whereas. the 
solution treatment temperatures of 1 1 10°C and 1 1 3S°C lie below this temperature. As a 
result, some minor differences in the primary MC carbide distribution in the grain 
boundary region exist between the coarse and fine-grained materials. The effects of grain 
size on CCGRs in the present investigation are almost opposite to the CCGR results 
reported by other workers for superalloys [90, 1 18, 1801. These results are rationalized 
quantitatively in the section dealing with the mechanistic modeling of CCG. 
The CCG test in argon of the specimen solution treated at 1 135OC showed lower 
CCGRs at a given K than in air (Figure 4.22). On a double logarithm scale. the CCGR vs 
K c w e  is approximately linear with a slope of about 2. Comparing the results in Figs. 
4.2 1 and 4.22, it is evident that the CCGRs are influenced strongly by oxidation and this 
results in a higher power to K than 2 in air in the faster CCG region. This oxidation 
effect becomes stronger with increasing K value. 
5.23 Fracture and Deformation Mechanisms during CCG 
Fractographic observations clearly show that the main features associated with creep 
crack surfaces are dominant intergranular fiacture, clean grain boundaries with no cavitation 
damage, and extensive crack branching along the grain boundaries. These secondary grain 
boundary cracks are more extensive in smaller grain size specimens. While the creep crack 
growth was predominantly intergranular, a small hction of localized transgranular fiacture 
occurred on some grain boundary facets, with the average fkaction of transgranular cracking 
increasing with an increase in grain size. The fixture surface was not flat and no severe 
crack tip tunneling was observed. The observations on polished cross section from 
intempted CCG specimens indicated that the formation and growth of intergranular 
microcracks along the grain boundaries is one of the main deformation and fracture 
mechanisms operative during CCG and this conclusion is l l l y  supported by the 
fractographic results. 
Although cavitation during creep crack growth has been observed in a wide range of 
materials, the absence of grain boundary cavities in our creep crack growth studies could be 
related to the combination of the low test temperature (about 0.5 Tn,) and the absence of 
grain boundary MuCa carbides in the test materials. A low test temperature would limit 
vacancy diffusion and the absence of grain boundary &C6 carbides would suppress cavity 
nucleation because these precipitates are often reported to be the void nucleation sites [135, 
1381. If a creep crack hcture with sufficient cavitation features is regarded as a 
microscopically ductile hcture, the hcture features in our materials suggest that a 
microscopic bride intergranular fracture predominates at 540°C in the absence of grain 
boundary &C6 carbides. The presence of crack arrest lines in some regions of creep 
h c ~ u e  surfaces (for example, in Fig. 4.26 b) indicates that creep crack tip blunting and 
crack arrests also occurred during the CCG tests. 
Environmental damage due to oxidation is one of the dominant damage 
mechanisms operative during CCG. Environmental attack along the grain boundaries 
coupled with GBS was expected to occur during CCG in air. 
The localized transgranular fkcture feahnes at hctured grain boundary facets are 
observed to be related to the grain size. This is because the grain boundary facet size and 
intergranular crack dimensions are proportional to grain sizes. Large grain sizes increase the 
intergranular crack sizes. Therefore, the stress concentration at the crack tip is usually 
higher in large grain size specimens when the cracks meet obstacles or when these cracks 
arrest due to orientation effects. In these cases, the stress concentration may cause localized 
transgranular hcture as illustrated in Figure 5.2. According to this proposed local stress 
concentration mechanism, a greater percentage of localized transgranular fracture is 
expected to be present in large grain size specimens than in small grain size specimens. 
Fractographic observations showed that the fracture features for the tests in argon 
were similar to those in air. Local deformation features on the fracture surface as 
indicated by crack arrest lines were also observed in specimens tested in argon showed 
more. 
5 3  A Grain Boundary Sliding Controlled Intergranular CCGR Model 
As indicated in the literature survey, the CCGR vs K relations are commonly used to 
rationalize the CCG behavior for high strength heat resistant alloys such as superalloys [90- 
95, 1 18, 1801, titanium aluminides [I131 and aluminum alloys [112]. For example, the 
following relationship [137] is often observed in superalloys, 
where Q (apparent activation energy), a and m are experimentally determined constants. R 
is the universal gas constant and T is the absolute temperature. The exponent m often falls 
in the range of 2 to 8, but it is not equal to the creep stress exponent for the same material. 
The proportional constant a is often found to vary with microstructure, especially the grain 
size [e-g. 90, 1 14, 1 1 8, 1801 and grain boundary morphology [go]. 
Moa researchers have recognized that the formation and llnkage of creep cavities 
coupled with the environmental effect are the two main micromechanisms involved in CCG. 
Although intergranular wedge cracks are often observed in CCG tests [119, 1801, their 
contribution to CCG has not been studied thoroughly from a micro-mechanistic point of 
view. In creep fkcture, on the other hand, the formation and propagation of intergranular 
cracks have been said to be the preferred cracking mode at higher stresses and in large grain 
size materials [70]. Our results clearly demonstrate that intergranular cracking plays a 
dominant role in the CCG process in Udimet 520. 
Numerous models have already been proposed [e.g. 125, 141, 142, 147, 150, 15 1, 
152, 153,18 1, 1 82, 183, 1 841 to describe creep crack growth. However, the role of GBS in 
creep crack growth has not received the attention it deserves. Since CCGRs in 
engineering alloys are quite sensitive to the grain size and the grain boundary 
microstructure, GBS coupled with environmental effects are combined to be the main cause 
of cavity nucleation and growth, wedge cracking, and/or oxide penetration, leading to 
intergranular fracture, which is the predominant mode of creep crack growth generally 
observed in numerous experiments, including the present work. Therefore, GBS should be 
considered to be an important, and possibly ratecontrolling, factor in CCG models. The 
following sections thus focus on modeling creep crack growth by GBS. The analysis 
incorporates some hcture  mechanics considerations in order to derive creep crack 
growth rates in the crack-tip stress field in the presence of several competing deformation 
mechanisms. 
53.1 Effective Stress Distribution Ahead of the Crack Tip 
In this analysis, it is assumed that GBS plays a key role in producing creep crack 
growth in most superalloys. In the present approach, simple and effective stress 
distributions ahead of the creep crack tip are employed to modify a model proposed by 
Wu and Koul's unpublished research [I391 with a view to establishing the grain size 
dependence of CCGR in materials with a planar grain boundary structure in the absence 
of grain boundary precipitates. 
At a crack tip, an elastic stress distribution with a singularity builds up when a load 
is applied. It is generally agreed that the stress singularity can be treated within a small scale 
yielding region in superalloys operating in laboratory air or other environments. Here. GBS 
is considered to be the key deformation mechanism which is operative in the small-scale- 
yielding region defined by rd ( see Figure 5.3). The distance rd is the location at which the 
elastic stress is equal to the lower bound of the stress caused by GBS. In the area r>rd, the 
elastic stress dominates and the effective stress field ahead of the creep crack tip is also 
shown in Figure 5.3. 
The basic form of the elastic stress field is defined according to Westergaard [I 851 
where 
The value of f(0) equals to 1 when only the stress distribution along the assumed crack 
propagation plane, where the y axis is normal to the crack piane stress, is considered. 
In the GBS dominant region, the shear strain rate produced by GBS is assumed to 
be satisfactorily described by [29] 
where Dgb is the vacancy diffusion coefficient along the grain boundaries, b is the Burgers 
vector, p is the elastic shear modulus, k is Boltrman constant, T is the absolute temperature 
0, 1 is the dislocation ghde distance and q is the grain size index, which has the same 
meaning as in Eq. [2.6] described in the section 2.1.2.3. The parameter p takes a value of 2 
for the grain boundary sliding deformation mechanism [2 11. 
By analogy with the HHR field (see section 2.2.3.4, page 66) [104-1061, the stress 
distribution along an assumed crack propagation plane is described by 
where I, is a function of n, B is the constant in Eq. (5.3) and r is the distance from the crack 
tip. In equation (5.4), C' is defined by an integral as the form in section 2.2.3.4. 
As discussed above, the elastic stress equals the lower bound of the GBS stress 
operative at a distance rd ahead of the crack tip as shown in Figure 5.3. That is 
From Eq. (5.5) the expression is obtained for rd: 
:tn 11 -
53.2 The Proposed Model 
By considering that the small scale damage assumption is valid, and that GBS 
controls the fkcture process, we can obtain a relationship for the CCG rate (daldt) as a 
fhction of grain size d, grain boundary geometry h and the average strain rate caused by 
GBS &gb-r . The following derivation is similar to the critical strain model derived by Cocks 
and Ashby [181]. 
Let the time t = 0 when an element of material at a distance r = rd ahead of the crack 
tip begin to experience GBS. Then, after a time increment of At, this element is at a distance 
r = rd -a A t ahead of the crack tip. Here a is the creep crack growth rate and is a constant 
under steady state CCG. The strain caused by GBS outside this element is negligible. The 
displacement by GBS rate at the element is 
S = ~ ~ b r d .  
v 
where d is the grain size. 
As the crack grows, the GBS strain accumulated in the element is 
Assume that the hcture process zone ruptures when the critical GBS displacement S equals 
to a physical distance A, i-e., 
After rearrangement, the creep crack growth rate is found to be 
where, the average strain rate caused by GBS is defined as 
If CCG occurs as a result of the growth and coalescence of voids which lie on the 
grain boundaries, the critical displacement can be taken as the spacing between the crack tip 
and the cavity just ahead of the crack tip. The crack moves ahead one element and the entire 
process is repeated until the stress intensity reaches the critical stress intensity for fast 
hcture. It is possible to provide physical meaning for this critical displacement according 
to the grain boundary structure and morphology. For a planar grain boundary without any 
precipitates on the grain boundary plane, 1 equals the grain size d and for grain boundaries 
containing grain boundary precipitates, I equals the precipitate spacing. 
Upon combining Eqs. (5.3), (5.4) and (5.1 I), the average strain rate caused by GBS 
can be written as, 
Substituting Eq. (5.12) into Eq. (5.1 O), the creep crack growth rate can be obtained as, 
Substituting Eq. (5.6) into Eq. (5.1 3), the steady state creep crack growth rate in terms of KI 
and C* is given by 
This creep crack growth rate equation shows a rather complicated dependence on K and c*; 
however, for ideal cases where grain boundaries are clean and planar, n=p = 2. Eq. (5.14) 
then reduces to 
In Eq. (5. IS), only the term B is related to the grain size d. From Eq. (5.3), 
Taking, as discussed in connection with Eq. (5.3), that q = 1 ,  2 or 3 depending on grain 
boundary morphology, we can predict 6om Eq. (5.15) the grain size dependence of the 
CCGR as follows: 
d (no GB precipitates, q = 1) 
da - oC 1 - (discrete GB precipitates, q = 2 )  
dr d 
I - (continuous GB precipitates, q = 3) 
d2 
Another result obtained fiom Eq. (5.15) is that for GBS, the CCGR is given by 
5.3.3 Model Predictions and Verifications 
The CCG tests conducted in this work project serve a useful purpose for verifying 
the proposed model. The materials had been heat treated to possess different grain sizes, all 
containing a volume kction of 8.9-13.6 % intragranular y', but without M23C6 grain 
boundary precipitates. During the CCG tests, no precipitates formed at the grain boundaries. 
Fractographic studies revealed that predominantly intergranular fracture and extensive 
crack branching had occurred both in air and in argon. This metallurgical evidence thus 
suggests that GBS is the controlling deformation and fracture mechanism. Furthermore, 
intragranular deformation by dislocation climb via volume diffusion should be small in 
superalloys at this temperature. Therefore, diffusion creep mechanisms played a minor 
role in CCG process. Environmental effect is an important factor influencing CCGRs 
which will be taken into consideration in the subsection 5.3.3.3. The test and material 
conditions therefore satisfy the assumptions made in the model, and hence the CCGR 
data are considered to be well for the verification of the model, as will become evident 
in the following subsections. 
533.1 The Effect of Grain Size on CCGR 
A successll model for CCG should be based on an understanding of the underlying 
micromechanisms combined with an analysis of the effective macroscopic stress state ahead 
of a crack tip. Unlike the CCG models generally based on nucleation and growth of 
cavitation damage, GBS is considered here to be the controlling mechanism responsible for 
intergranular creep crack growth, whether cavitation damage contributes to the crack growth 
or not. A critical GBS condition is applied to the model to allow the crack to grow. The 
critical GBS strain provides a physical pameter which can be related to microstructural 
features and this model also considers the CCGR dependence on the grain boundw 
microstructure and morphology. 
The present CCGR model predicts that the grain size dependence of CCGR is also 
influenced by the grain boundary microstructural features as described by Eq. (5.1 7). The 
creep crack growth rate is independent of grain size (d) in materials containing planar 
grain boundaries with no grain boundary precipitates. The present work on Udimet 520 
with planar and clean grain boundaries revealed that the CCGR data were not sensitive to 
grain size variation over a grain size range of 235-464 p. These test results thus agree 
well with the model prediction. 
An inverse grain size dependence of CCGR is predicted by the model for a 
discrete grain boundary precipitate distribution. In superalloys, a discrete distribution of 
grain boundary precipitates (e.g. M& or 6 phase) is usually present and this presence 
favors good creep-rupture properties by decreasing GBS. This is why large grain size 
specimens always were previously reported to have lower CCGRs in superalloys [go, 
118, 1801. In IN-792 [90] at 704T, CCGRs can be roughly estimated to be inversely 
proportional to dln by assuming that the rupture life is inversely proportional to the CCGR. 
An inversely proportional relationship between CCGRs and grain size has been reported for 
Alloy 71 8 (after standard heat treatment) at 650°C [180]. Generally, the CCGRs are 
roughly inversely proportional to grain size in superalloys and however, the exact grain 
boundary precipitate distributions are rarely shown in technical reports dealing with grain 
size effects. In most cases, both the size (h) and spacing (1) of grain boundary 
precipitates are expected to be different when the same aging heat treatments are 
employed after obtaining different grain sizes. Therefore, such test results did not 
express the "pure" grain size effect on CCGRs. The model predictions in the presence of 
discrete grain boundary carbides are thus generally supported by the results reported in the 
literature. 
A stronger grain size dependence is predicted by the model for materials with a 
continuous grain boundary precipitate network. Such network may result from overaging 
or service exposure. No experimental results are presently available on materials 
containing continuous carbide network in the open literature with which these theoretical 
predictions could be compared- 
In Udimet 520 material, the small grain size (100 pm) material did show slower 
CCGR compared with the large grain size (235-464 p) materials, in the absence of 
grain boundary MuCs precipitates. That large grain size specimens have higher CCGRs 
than small grain size specimens has also been reported for a stainless steel without grain 
boundary precipitates [Ill]. These differences between the test results and the 
predictions of the proposed model can be rationalized as follows. It is reasonable to 
assume that small grain size specimens reveal lower CCGRs than come grain size 
specimens because more energy is expended in the former during crack tip branching. 
Fractographic observations also showed that coarse grain size specimens also fractured 
by local transgranular hcture during CCG. Therefore, a combination of crack tip 
branching and transgranular fiacture is believed to cause the difference in CCGRs 
between the two groups of specimens of Udimet 520. During solution treatments, grain 
boundaries moved and naturally encountered some MC carbides. Fractographic 
observations showed that there were more MC carbides at the grain boundaries in the 
specimens solution treated at 1 1  10°C and 1135°C (below the MC solvus) than the 
specimens solution treated at 1 190°C, 1200°C and 1250°C (above the solvus). The 
differences in CCGRs between the two groups of specimens may therefore be related to a 
minor difference in MC carbide distribution. Amongst the coarse-grained specimens, the 
grain sizes vary almost by a factor of two between specimens solution treated at 1 190°C 
and 1250°C, yet there is no difference in CCGRs. This might suggest that the differences 
in CCGRs most likely occurred as results of difference in grain boundary primary MC 
carbide distribution than crack tip branching effects. 
533.2 The CCGR Dependence on Stress Intensity Factor 
As depicted by the model in section 5.3.1, the creep crack growth in Udimet 520 
at 540°C is influenced by the near crack-tip grain boundary HRR m s s  and by the far-field 
elastic stress. The CCGRs, plotted in a double logarithm scale against the stress intensity 
factor K, exhibits a linear behavior with a slope of 2 in an argon environment. The 
controlling mechanism in this case is believed to be GBS, because this crack growth 
occurred at a temperature where volume diffusion is negligible. Secondly it was 
accompanied by intergranular cracking and thirdly the observed K-dependence of the 
CCGRs agrees with the model's prediction for a GBS mechanism operating in materials 
with planar grain boundaries. In this case, the stress dependence index of the GBS 
mechanism is 2 and hence, as predicted by Eq. (5.1 a), the CCGR depends on the square 
of the stress intensity factor (i.e., on K~), but has no dependence on c*. The fact that 
various relations of K-dependence, rather than c'-dependence, have been observed for 
CCGRs in superalloys may support the argument that GBS plays an important role in 
CCG in polycrystalline materials. Particularly, when environmental effects are present, 
K can still be the appropriate £kacture controlling parameter, because environmental 
effects usually embrittie the material. However, the Kdependence may change fiom a 
power of 2 to higher power, as discwed in the next subsection. 
In previous CCG models, the m value in deformation controlled CCG models (Eq. 
2.20 and Eq. 5.1) has been predicted to be the same as the creep stress exponent n (n>2) 
in deformation controlled models [L38, 139, 1821. These models often consider cavity 
growth by power law creep in the HHR field or even in the elastic crack tip stress field. 
Consequently, the logarithmic CCGR vs stress intensity factor curves must show a slope 
of m = n. As mentioned earlier, the m value in CCG tests is rareiy reported to be the 
same as the n value in creep tests. This is because the assumptions that, (1) under steady 
state, creep rates are inversely proportional to the rupture time, and (2) the crack growth 
rates are simply proportional to the creep rates do not hold all the time. Another reason for 
this discrepancy is that grain boundary deformation is responsible for the CCGR and not the 
creep mechanism occurring expressing creep within the grain interiors. In pure diffusion 
controlled model, the m value has been predicted to be 3 considering cavity surface 
diffusion [I821 or 4 considering a mechanism of crack propagation by the removal of 
atoms from the crack tip by stress induced grain boundary diffusion [147]. However, 
these models do not take into account the deformaton and especially the grain boundary 
sliding effects near the creep crack tip. The m value predicted by diffusion models are 
absolute and do not fit most CCG test conditions. This is why m has often been treated as 
an experimentally determined constant- 
5.333 Oxidation Effect on CCGRs 
As shown in Fig. 4.22, the CCGR. in argon are slower than those in air. The 
* 
materials with grain sizes of 1 00- 106 pin revealed, at relative low K, a slow creep crack 
growth regime with a slope of 2.3-2.5 and at higher K a faster crack growth regime with a 
slope of approximately 6.5. However, the materials tested in argon showed only a slow 
crack growth regime with a slope of approximately 2 over the entire range of K (Fig. 
4.22). This change in the K-dependence of CCGR with the environment, i.e. argon 
versus air, suggests that oxidation has a strong influence on the CCG process. These 
results suggest that the CCGR is influenced by an oxidation effect to produce the faster 
CCG regime. The results also indicate that this oxidation effect becomes stronger as the 
K value increases. 
The deviation between the CCGR curves obtained in air and those obtained in 
argon can be explained by considering the effect of oxidation on Eq. (5.15). If the effect 
of the environment is taken into account, the critical physical distance h for fracture will be 
reduced to hf=h-X, where h is the critical GBS distance in the absence of oxidation effects, 
and X is the penetrating oxide depth measured fiom the external oxide surface. For 
localized oxidation at grain boundaries controlled by the reaction rate at the metal-oxide or 
oxide-gas interfaces, the oxidation kinetics are described by [I861 
X = k t  (5.19) 
where k is the oxidation rate constant and t is the time. The time t in Eq. (5.19) can be taken 
as 
where a is the crack length and a is the creep crack growth rate. Combining Eq. (5.15) 
with Eq. (5.20), the time t is given by 
If we ignore the specimen geometry factor and take the simple form of K=o& and 
substitute it into Eq. (5.21), t can be expressed as 
where ~ = 8 ~ ~ / ( 3 d d ~ ) .  Therefore, the penetrating oxide depth is approximately given by 
To a first approximation, the effect of oxidation on CCGR can be expressed by introducing 
a correction factor to the CCGR given by Eq. (5.15). Substituting Eq. (5.23) for X in Eq. 
(5.13, while replacing k by h-X, leads to, 
where the correction h c t i o n  takes the form, 
The predicted trends of CCGR dependence on K before and after the correction are shown 
in Fig. 5.4 and the curve fitting constants FI and F2 in Eq. (5.25) were determined to be 
0.268 and 2.1 1. 
The m values (Eq. 5.1) ranging from 4 to 6 range obtained for the present tests in 
air are experimentally determined constants. These rn values include both oxidation- 
assisted crack growth and the contribution of local transgranular fracture in coarse 
grained materials in the overall crack growth process. The difference between the 
experimental CCGR curves and those predicted from Eq. (5.15) should be able to be 
depicted by different controlling oxidation mechanisms in the different tedmaterial 
conditions. The CCGRs of Inconel 718 are reported to be very sensitive to 
environmental effects [95, 1231. An m value of 8 has been reported for Inconel 7 1 8 at 
540°C by some workers [93]. The higher m values obtained directly from the CCGR 
curves and the deviation from the prediction of Eq. (5.18) are therefore not totally 
unexpected. 
5.4 Tensile and Creep Behavior of Udimet 520 
5.4.1 Tensile Serrated Flow Mechanism 
The primary aim of the tensile experiments at 540°C was to study the influence of 
the grain size on the high temperature tensile strength and ductility of the Udimet 520 
material. The tensile strength decreased with an increase in grain size. A large tensile 
elongation (>20%) was obtained in the tensile tests, which indicates a large amount of 
intragranular deformation. Surface intergranular cracks were always present. The tensile 
curves obtained at 540°C showed serrated flow. The stress dips are approximately 15 
and 30 MPa The time intervals for each serration were approximately 10 or 5 seconds. 
The critical plastic strains for the onset of the serrated flows were observed to be larger 
than that for the engineering yield strength (oO2). The specimen with larger grain size 
had a smaller critical plastic strain. A critical amount of plastic snain (E, ) for the 
initiation of serrations is well known [187-1901. Nakada and Keh [I871 found that the 
critical plastics strain was related to the serrations, the smaller the critical strain (the 
higher the carbon content), the more pronounced were the serrations. In the present tests, 
the specimen with the larger grain size, which was treated at a higher solution 
temperature, should have a higher solute carbon content within the grains than the 
specimen with smaller grain size. The result that the specimen with larger grain site has 
a smaller sc is consistent with the observations of Nakada and Keh [187]. However, in 
the present tests the smaller E, was associated with less pronounced serrations. This 
observation suggests that the operating mechanism causing serrated flow in the present 
specimens may be different f?om that by classic dynamic strain aging. 
The specimen solution treated at higher temperatures are expected to have a 
higher quenched-in dislocation density. Based on the mechanisms proposed by Mulford 
and Kocks [191], the theoretical strain required for the onset of serrated flow would be 
expected to be lower in coarse grained materials. As regard, the difference in the 
serration amplitude between fine and coarse grained materials, these differences are 
related to the amount of fiee Ti available in the matrices after the solution and aging 
treatments. The fine grained materials contain lower gamma prime volume kaction 
(Table 4.1) because the quenched-in vacancy contribution in the specimens solution 
treated at lower temperatures is lower. The higher the vacancy contribution, the higher 
the nucleation and growth rate of y' in Ni-base superalloys. As a consequence of this 
difference, the fiee Ti in the matrix is higher in fine grained Udimet 520. Again in 
accordance with the mechanism proposed by Mulford and Kocks [I911 and Koul and 
Pickering [192], higher concentration of elements which reduce the matrix stacking fault 
energy also increase the amplitude of serrations during tensile testing. This is because a 
higher driving force is required to move the mobile dislocations through dislocation 
planes in lower stacking fault circumstances. Therefore, the onset of serrated flow and 
the amplitude of serrations can be rationalized on the basis of theories proposed by 
Mulford and Kocks [191] and Koul and Picking [192]. 
5.43 Creep Mechanisms 
The creep b t u r e  process has a dominant effect on controlling the creep life and 
identifLing and understanding the operative creep hcture modes are of particular interest. 
Figure 5.5 shows intergranular cracks already present on the surface of a specimen 
unloaded just after creep loading. Therefore, the growth of these surface intergranular 
cracks with the help of GBS and environmental attack is believed to be the dominant 
hcture  mechanism operating during creep. It was shown that there is usually a dominant 
intergranular crack develops during each creep test (Figs. 4.38 to 4.40) and find hcture 
always occurs by transgranular shear. The similar intergranular h c t u r e  features suggest 
that the same operative fracture mechanisms observed in creep tests are the same as those 
observed in early creep crack growth tests. Many workers have demonstrated that, when 
environmental effects are pronounced, at least for the size of the specimens employed, 
intergranular cracking can initiate at or close to the specimen d a c e  and can cause creep 
hcture, in complex creep and corrosion resistant engineering alloys such as cast IN-738LC 
[36], cast Udimet 720 178, 8 11, cast Renk 80 [I 931 and wrought Udimet 720 [8 11. These 
observations suggest that oxidation is the controlling mechanism in the above creep hcture 
cases. Such cases were reported more ofien for cast superalloys than for wrought 
superalloys. This type of creep fkactme has also been noticed in turbine discs at relatively 
low temperatures. 
At the present creep test temperature of 540°C, the inbagranular creep 
deformation is expected to be very small. However, considering that matrix creep 
contribution to total deformation is also very small at this low test temperature. 
environment attack along the grain boundaries assisted by GBS could be the main 
deformation mechanism operative in all the experiments. This is why limited creep 
deformation was observed during the creep tests. 
Fig. 4.37 shows that both the instantaneous strain obtained on loading and the 
creep rupture strain obtained in the inert argon environment are higher than those 
obtained in air. These results indicate that the environment plays an important role in 
influencing both the creep strain and the creep rate. 
5.43 Effect of Grain Size and Environment on Creep life 
The creep lives for a given grain size specimen in flowing argon and vacuum 
experiments were similar. These observations suggested that environmental effect can be 
easily minimked in argon flow. Longer creep lives were observed with a decreasing grain 
size. According to the h c t u r e  mechanism operative, the growth of the d a c e  intergranular 
cracks produced at the start of testing occurred with the help of GBS and environmental 
attack during creep and caused the final fixture. The stress intensity factor at the surface 
crack can be taken as [I941 
K, = 1.12a& 
where a is load stress and 2a is the size of the surface cracks. The stress intensity factor for 
the d a c e  cracks is proportional to crack size 6 and stress (s. It would be expected that 
the fine grain size materials had smaller initial d a c e  microcracks than the coarse grain size 
specimens. When one of the surface cracks grew to a critical dimension the material 
hc tu re  toughness was exceeded, and fast hcture was expected to occur. Therefore, the 
grain size effect on creep life is rationalized on the basis of difference in d a c e  
microcracks. Unfortunately, no meaningfid minimum creep rate information could be 
obtained because the creep curves were very flat in short term tests. Long term tests of the 
order of 1000 hours and over would be required to obtain any meaningful data. 
For the same grain size material, the creep lives in air were longer than those in a 
relatively inert environment such as flowing argon or vacuum. These results suggest an 
oxidation hardening effect on the creep properties where the surface oxide becomes load 
bearing and suppresses further environmental attack until the oxide spalls or hctures. An 
indirect consequence of the oxidation, the initial hardening effect can be observed in flowing 
argon tests where higher instant strain accumulates upon loading in flowing argon than in 
air. 
6. SUMMARY AND CONCLUSIONS 
A microstructural investigation was carried out and the results are summarized as 
below, 
1. The grain coarsening behavior in Udimet 520 is controlled by the dissolution of primary 
MC carbides and M(C, N) carbonitrides. There are two distinct grain coarsening 
temperatures (GCTs) in Udimet 520 corresponding to a MC solvus temperature of 1190°C 
and a M(C, N) solws temperature of 1235-1250°C. 
2. The grain boundary as well as the intragranular MUC6 carbide precipitates form in this 
alloy over a temperature range of 600-1050°C. Different types of &c6 precipitation 
reactions were observed leading to different precipitate morphologies. The presence of 
discrete grain boundary carbides was observed at aging temperatures below 850°C; whereas, 
a continuous grain boundary network of carbides resulted from higher aging temperatures. 
Intragranular M U G  precipitates are strongly influenced by the dissolution of primary MC 
carbides in this alloy. A TTI' diagram (C-curve) for the start of the grain boundary Mac6 
carbide formation in Udimet 520 alloy was determined experimentally. 
3. A high solution treatment temperature induces intragranular Mac6 carbide precipitation 
upon aging due to increased fke C content and reduced grain boundary area available 
for accommodating the precipitates. 
4. Secondary MC carbide precipitation is observed in the range of 1100-1 177°C after 
solutionizing at a temperature equal to or greater than 1190°C. The MC carbide solws 
temperature of Udimet 520 heat investigated is close to 1190°C and M(C, N) carbonitrides 
dissolve above approximately 1250°C. No secondary MC carbides were observed in 
specimens solution treated below 1190°C. Therefore, primary MC carbide dissolution 
appears to be a precondition for the precipitation of secondary MC carbides in ~ ! . e  alloy. 
5. The sequence of carbide precipitation reactions and grain coarsening behavior are 
presented in the form of a time-temperature-microstructure relationship (Figure 5.1). 
Based on the understanding of the kinetics of carbide precipitation, y' precipitation and 
grain growth, heat treatments were designed for Udimet 520 Ni-base superalloy to obtain 
different grain sizes in the absence of grain boundary carbides but containing 9 to 13% 
volume hction of y' within the grains. 
6. The effect of grain size on creep crack growth (CCG) in the absence of grain boundary 
carbides was studied at 540°C. The fiactographic studies and crack tip region profile of 
interrupted CCG specimens indicated that intergranular k t u r e  was the dominant fixture 
mechanism and grain boundary sliding (GBS) coupled with environment attack are the 
main causes responsible for CCG in air under the test conditions employed. In argon 
environment, the testfmaterid conditions are suitable for the validation of the proposed 
GBS-based CCGR model. 
7. The creep crack growth rates were insensitive to the changes in grain sizes in 
specimens solution treated either above (the middle and large grain sizes) or below (the 
small grain size) the MC carbide solvus temperature in air. However, the CCGR of 
specimens soiuion treated above the MC carbide solvus temperature was about 2.5 time 
higher than those treated below the MC carbide solws temperature. The reason for 
higher CCGRs in specimens solutionized above the MC carbide solvus temperature than 
those below the MC carbide solvus temperature is believed to be mainly related to the 
differences in crack tip branching behavior and also primary MC carbide distribution 
along the grain boundaries. 
8. The oxidation effect increased the CCGRs and the phenomenological slope of the 
dddt vs IS relation. 
9. A GBS-controlled intergranular crack growth model has been developed with the 
assumption that the creep crack growth in superalloys is mainly controlled by GBS. In 
creep brittle materials, such as superalloys, the effective stress zones are considered 
consisting of the GBS zone and the elastic zone. The model predicts that the GBS- 
controlled CCGR has a dependence on the stress intensity factor (IS) to the power of 2 
and this slope value was confirmed experimentally. The deviation between CCGR curves 
tested in air and those in argon can be explained by considering oxidation effect in the 
proposed model. The model also predicts that the GBS-controlled CCGR is independent 
of grain size (d) for planar grain boundary structures containing no grain boundary 
precipitates. The developed equation showed that the CCGR is inversely proportional to 
the grain size in the presence of discrete grain boundary precipitates, which generally 
agrees with the available superalloy results in the literature. And, for continuous 
precipitate grain boundary distribution, the CCGR is predicted to be inversely 
proportional to d2. The CCG tests of planar grain boundary structure without grain 
boundary precipitates generally showed higher CCGRs in larger grained materials than 
smaller grained materials. The reasons for the increasing CCGR with increase of grain 
size in planar grain boundary structure are suggested to result fkom the occurrence of be 
the more crack branching in small grained materials and more local transgranular 
cracking in large grained materials. 
10. The high temperature tensile results showed that the serrated flow features are related 
to the quenched-in dislocation density, and the amount of free Ti in the matrix which 
reduces its stacking fault energy in Udimet 520 at 540°C. The height and wave length of 
the serrations of the small grain size specimen are about 2.3 times those of the middle 
grain size specimen. The serration features of middle and large grain size specimens are 
similar. The large grain size specimens have low critical strain. These results can be 
rationalized on the basis of mobile dislocation interaction with dislocation forests which 
are influenced by the quenching process and the matrix stacking fault energy 
1 I. The macro-fractographic observations in the creep test program showed that there two 
regions existed in the hctured sdaces, intergranular region and fast transgranular h c h u e  
region. The intergranular hcture initiated at specimen surface and the growth of these 
d a c e  intergranular cracks controlled the rupture life during creep. Fine grained materials 
showed longer creep lives than coarse grained materials under similar creep testing 
conditions. For the same grain size material, creep lives in air were longer than those tested 
in relatively inert environment such as flow argon or vacuum. These results suggested that 
an oxidation hardening effect is operative during creep. 
Recommendations for Further Work 
Further work is recommended to better understand the effect of microstructural features 
on creep and creep crack growth behavior of Udimet 520 at intermediate temperature 
(540°C): 
1. Long-term creep tests are r e c o m a d e d  to obtain meanful creep minimum rate data 
2. More CCG tests in inert environment are recommended to investigate the environmental 
effect on CCG process. 
3. More CCG tests as a b c t i o n  of microstructural f e s ,  for example in the materials 
with different grain sizes containing continuous grain boundary precipitates, are 
recommended to validate the proposed GBS-based CCGR model. 
FIGURES 
Figure 2.1 Schematic creep curves for constant (A) tensile stress and (E3) tensile load [7]. 
Figure 2.2 Effective shear strain rate vs. time. Torsion and constant stress uniaxial 
tension at same effective stress 191. The effective stress o=3/2'"* octahedral shear stress. In 
uniaxial tension cr is numerically equal to the applied tensile stress. The effective strain E 
(=octahedral shear ~train.2'~) is equal to the tensile strain in a uniaxial tensile test.) 
creep strain 
Figure 2.3 An example of creep strain vs time relationship of M-800H alloy [lo]. 
Figure 2.4 Primary and secondary creep properties of new and service exposed blades, 
creep tested at 350 MPa at 830°C. Superimposed is the rejuvenated turbine blade data [ 1 11. 
Figure 2.5 Minimum creep rate for dufninum over a wide range of stresses [I  61. 
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Figure 2.6 A deformation mechanism map for IN738LC blades indicating typical 
operational stress and temperature regimes for industrial and aero engine blades [28]. 
a, MPa 
Figure 2.7 The predicted curves for diffusional creep and GBS compared with 
experimental data for fine-grained copper at 820°C of Burton and Greenwood [33]. 
Figure 2.8 The minimum creep rate vs the multiplication of (0-qJ and (~3-0~3 in Nimonic 
1 1 5. For the material with grain boundary carbides, o,, = db, b = 1 -3, and q, = 487 MPa. 








Figure 2.9 Creep strain vs time relationship for new and service exposed IN738LC blades 
tested at 899" C and 90 MPa. The symbols represent the test data [35]. The solid lines 
represent the predictions 1291. 
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Figure 2.10 Schematics of the creeD curve r31. 
Figure 2.1 1 Existence of an optimal grain size for which the minimal creep rate is lowest 
in a superalloy with f, = 20 % tested at 800°C at a stress 150 MPa [47]. 
Figure 2.12 Variation of steady state creep rate with grain size at various stresses at 873 K 
in type 3 16 stainless steel [49]. 
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Figure 2.13 Variation of steady state creep rate with grain size at various stresses at 973 K 
in type 3 1 6 stainless steel [49]. 
Figure 2.14 The effect of grain size on the minimum creep rate for a series of Ni-based 
alloys tested at 800°C 1501. 
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Figure 2.15 The secondary creep rate vs. grain size test at 700°C in Inconel X-750 [5 11. 
Figure 2.16 The variation of secondary creep rate with average grain diameter tested at 
600°C in Nirnonic 8OA [S]. 
Figure 2.1 7 The effect of grain size on minimum creep rate for different mismatch and 
volume h c t i o n  of y' in Ni-20 Cr carbon fiee alloys. 
Creep condition: 154.4 MN/m2 at 750°C [55] .  
L I I 
SO0 600 
grain size lpml 
Figure 2.18 Variation of the rupture life as a function of grain size test at 900°C in a cast 
superalloy IN- 1 00 [5 81. 
SO0 600 
groin size (pm) 
Figure 2.19 Carbide density vs. grain size. Note that this curve is similar to that shown in 
Fig. 2.18 [58]. 
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Figure 2.20 Effect of grain boundFuy carbides on the minimum creep rate of Nirnonic 1 15 
over a range of temperatures at 5 17 MPa [23]. 
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Figure 2.2 1 Relative tendencies for wedge (w) and cavity (r) voids as a hction of stress 
and grain size [70]. 
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Figure 2.22 (a) Minimum creep rate data and (b) rupture life data for Udirnet 700 at 927OC 
and 1 72 MPa, in air and vacuum [78] as replotted in ref. 131. 
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Figure 2.23 Creep crack growth rate data for various superalloys at 704°C [92]. 
Figure 2.24 
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Effect of temperature on creep crack growth behavior 
Figure 2.25 Effect of side groove depth on CCGR in an aluminum alloy [116]. 
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Figure 2.26 Initial stress intensity to produce failure in 100 h at 704°C vs grain size [90]. 
Figure 2.27 Creep crack growth rate as a function of microstructure at 650°C: a, necklace 
structure; V, coarse grain (L-S); A, coarse grain (S-L) a, fine grain; *, fine grain (P) [118]. 
(a) Serrated grain boundary microstructure of M-792 
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(b) Time to failure vs stress intensity factor with either smooth 
or serrated grain boundaries for IN-792 at 704°C 
Figure 2.28 Effect of grain boundary struchlre on CCG [90]. 
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Figure 2.29 Time to failure vs stress intensity factor with various heat treatments for 
Inconel 7 1 8 at 649°C [92]. 
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Figure 2.30 Creep crack growth rates in air and helium for Inconel 71 8 at 650°C [123]. 
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Figure 2.3 1 Comparison between creep crack growth rates in superalloys in air and in 
vacuum at 927OC [I 341. 
Figure 2.32 Interlinked cavities at the creep crack tip, x720 [138]. 
Figure 2.3 3 Grain boundary sliding contributing to crack growth [ 1 521. 
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Figure 2.34 Comparison of measured and calculated creep crack growth rates at 704°C of 
PM HIP MERL 76, an advanced disc alloy 1221. 
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3.1 (a) Specifications of the AGNZD CT specimen. 
3.1 (b) A CT specimen with current & potential leads attached to it (with fiberglass 
insuiator sleeves around the leads), x 1.5. 
Figure 3.1 The CT specimen for CCGR testing. 
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Figure 3.2 Test Assembly for Vacuum CCG tests 
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Figure 3.3 Schematic of the DC-PD ciircuit used to monitor crack length. 
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Figure 3.4 The tensile and creep specimen geometries employed. 
Figure 4.1 Optical microstructure of the forged Udimet 520 (as received). 
Figure 4.2 Optical microstructure of an U-520 specimen after 1050°C /4h/AC solution 
treatment. 
9 5 X  confidence T 
Solution treatment time (h) 
Figure 4.3 Effect of solution treatments on the mean intercept length of grains for U-520. 
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Figure 4.4 Grain coarsening curve for Udimet 520. 
Figure 4.5 Optical microstructure of a specimen after 1090°C /4h/AC solution treatment 
and the normal two-stage aging treatment. 
Figure 4.6 Optical microstructure of a specimen after 123S°C RWAC solution eeatment 
and the normal two stage aging treatment. 
Figure 4.7 TEM replica micrograph of a specimen after solution treatment at 1 13SaC for 2 
hours and air cooling. 
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Figure 4.8 A representative X-ray spectrum of M& carbides from a replica 
4.9 (a) Grain boundary M& morphology 
4.9 (b) Electron difhction pattern and index &om a carbide in Fig. 4(a) 
Figure 4.9 Replica TEM micrograph of a specimen aged at 10SO°C for 15 minutes and 
water quenched, following a solution treatment of 4 hours at 1 135°C and air cooled. 
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Figure 4.10 The C - c w e  for the start of the grain boundary M,C, carbide formation in 
Udimet 520. 
Figure 4.1 1 Optical microstructure of a specimen annealed for 2 hours at 1 1 0O0C, 
following an aging treatment of 30 minutes at 850°C performed after a £irst solution 
treatment at 1 250°C for 2 hours. 
Figure 4.12 Optical microstructure of a specimen aged for 30 minutes at 850°C and water 
cooled after the 1250°C solution treatment. 
Figure 4.13 Replica TEM micrographs of specimens aged for the indicated time at 900°C 
after the 1 135OC solution treatment (a) 40 minutes (b) 24 hours (c) 48 hours (d) 90 hours. 
Figure Replic 
water cooled after an 1 13S°C solution treatment. 
Figure Replica TEM micrograph of a specimen after &I 1 
treatment followed by the normal two-stage aging treatment. 
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Figure 4.16 TEM replica micrograph showing feather-like grain boundary M,C, carbides 
in a specimen aged at 900°C for 40 minutes and water cooled following an 1 13S°C 
C/4h/AC solution treatment. 
Figure 4.1 7 Optical microstructure of a specimen annealing at 1 1 77OC for two hours and 
water cooled after a 1 2S0°C solution treatment bolished only). 
solutron time: 2 hours 
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Figure 4.18 Matrix Vicker microhardness vs solution temperature relationship. 
Figure 4.19 TEM micrograph of grain boundaries and y' phases of a specimen solution 
treated at 1 1 35°C. 
Figure 4.20 Creep crack length vs time relation of an CCG specimen solution treated at 
1200°C and CCG tested in air at 540°C. 
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Figure 4.21 CCGR and stress intensity factor relations for specimens subjected 
different heat treatments and tested in air at 540°C. 
Figure 4.22 CCGR and stress intensity factor relations of the specimens solution mated at 
1 135°C and tested at 540°C. 
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Figure 4.23 CCGR and stress intensity factor relations of the specimens solution treated at 
1 135°C and 1 120°C and tested in argon at 540°C. 
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Fig. 4.25 (a) 
Fig. 4.25 @) 
Figure 4.25 SEM micrographs of CCG region of a specimen solution treated at 1135°C 
and tested in air at 540°C. 
Fig. 4.26 (a) 
re 4.26 SEM micrographs of CCG region of an CCG specimen soh 






Fig. 4.27 (a) 
Fig. 4.27 (b) 
17 SEM micrographs of CCG region of a specimen solution treated 
ed in air at 540°C. 
Figure 4.28 Interface of slow CCG region and fast hcture region of an CCG s 
solution treated at 1135°C and tested in air at 540°C. 
Figure 4.28 SEM micrograph of fast fiacture region of a CCG specimen soluti 
at 1200°C and tested in air at 540°C. 
on treated 
Fig. 4.30 (a) Specimen solution treated at 1 13S°C 
Fig. 4.30 (b) Specimen solution treated at 1200°C 
we 4.30 SEM micrographs of CCG regions tested in argon at 540a 
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Figure 4.33 Tensile strength vs grain size relationship at 540°C. 
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Figure 4.34 Tensile engineering strain vs load curve (part) at 540°C. 
Figure 4.3 5 (a) Specimen of 1 1 1 O°C solution treatment 
Figure 4.3 5 @) Specimen of 1 1 90°C solution treatment 
Figure 4.3 5 (c) Specimen of 1 XO°C solution treatment 
Figure 4.35 Surface morphology after tensile tests at 540°C. 
Figure 4.36 (a) Surface microcracks 
Figure 4. 
solution 
Figure 4.36 (b) Surface deformation bands and microcracks 
6 Surface morphology close to the tensile fracture surface of the spec 
reated at 1 250°C. 
Figure 4.37 Creep strain vs time relationship in Udimet 520 solution treated at 1135°C. 
Fig. 4.38 (a) 
Fig. 4.38 @) 
Figure 4.38 Creep fracture surface of specimen solution treated at 1 135°C and tested 
in air. 
Figure 4.39 Creep fracture surface of specimen solution treated at 1 190°C and tested 
in air. 
Figure 4.40 Creep fracture surface of specimen solution treated at 1250°C and tested 
in flowing argon. 
Figure 4.41 
in air. 
Intergranular hcture  of creep specimen solution treated at 1 135O( and tested 
Figure 4.42 Transgranular hcture of creep specimen solution treated at 1 13 YC and 
tested in air. 
Figure 4.43 Intergranular fkacture of creep specimen solution treated at 1 135OC and tested 
in flowing ar 
Figure 4.44 Surface of specimen solution treated at 1 13S0C and creep tested at 540°C. 
Figure 4.45 Surface of specimen solution treated at 1250°C creep tested at 540°C in air. 
Figure 4.46 (a) Tested in air. 
Figure 4.46 (b) Tested in flowing argon. 
Figure 4.46 Grain boundary cracks at fiee surface in specimen solution treated at 1135°C 
and creep tested at 540°C. 
Figure 4.47 Profile of fracture surface of specimen solution treated at 1 190°C. 
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Figure 5.1 A schematic summary of heat treatment time-temperame-microstructure 
relationship in Udimet 520. 
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(a) Local transgranular cracking ct a grain boundan/ imperfection 
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Figure 5.2 Proposed mechanisms for the local transgranular hcture caused by the stress 
concentration ahead of w-type cracks. 
GBS 1 
Figure 5.3 Effective stress versus distance ahead of the creep crack tip. 
Figure 5.4 The predicted CCGR vs K relation on the specimens solution treated at 
1 135°C and tested at 540°C. 
Fig. 5.5 (a) 
Fig. 5.5 @) 
Figure 5.5 The intergranular cracks on the surface of an specimen interrupted just after 
creep loading (solution treated at 1 L 10°C). 
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